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ABSTRACT
Lithium ion batteries (LIBs) have been the most prominent electrochemical energy
storage technology over the past decades and enabled the wireless evolution of portable
electronic devices. Yet the expanded use of renewable but intermittent energy sources
coupled with increasing demand for electric transportation vehicles put forward
requirements to electrochemical energy storage techniques for higher capacity, lower cost,
and fast rate capacity. State-of-the-art LIB electrodes are typically lithium transition metal
oxides and phosphates, which store (release) the electrical energy via the Li extraction and
re-accommodation, accompanied by redox reactions of TM cations. The specific capacity
of the electrode is therefore limited by the safe amount of Li can be removed from the
system without causing structure collapse and the number of electrons per TM cation that
can participate in the redox reaction. To boost the capacity and energy density, conversion
reaction electrode materials which can overcome the inherent structural limitation and
anionic redox active electrodes with oxygen ions complementarily providing the chargecompensating electrons were introduced to the rechargeable battery chemistry. Here we
use the density functional theory (DFT) based first-principles calculations to understand
the electrochemical charge and discharge of the conversion reaction electrodes via
exploring the equilibrium and non-equilibrium thermodynamics with a mechanistic method
as designed. We provide detailed information for the origin of large voltage hysteresis and
volume expansion which have been hindering the practical application of conversion
reaction materials and offer tips on alleviating them through reasonably operation range
restrictions. Our findings are reproducible among several well-known transition metal (TM)
oxide/sulfide conversion-type electrodes (e.g. Co3O4, NiO, CuS). For the anionic redox
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active electrodes, we demonstrate how the coordination structure and bonding environment
enable the reversible oxygen redox in the 3d metal oxides. The specific redox active Li6-O
local Li-excess configuration as identified for the iron oxide electrode enriches the anionic
redox battery chemistry with a low-cost high energy density battery designed. For the
manganese oxide anionic redox active electrodes, we predict novel materials with
improved properties compared to the original system through high-throughput DFT
screening. On the other hand, using kinetics calculations we discover a novel 2-dimensional
material with superior electric and ionic conductivity compared to traditional 2dimensional nano sheet like graphene which can be used to boost the rate capacity of stateof-the-art LIBs. We accurately reveal the mechanism of the kinetics-dominated
electrochemical sodiation and lithiation reactions of selenium. We clarify the relationship
between the stability and ionic conductivity of the complex borohydride based lithium ion
conductors and giving guidance on their further investigations. Our findings will shed light
on the development of the next generation, high energy density, and fast rate advanced
lithium ion batteries.
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CHAPTER 1
Introduction
Since the first rechargeable lithium ion battery was patented by Yoshino and his
coworkers in 1987[1] and later commercialized by Sony, lithium ion battery (LIB) has
enabled the wireless evolution of portable devices including cell phones, laptop computers,
digital cameras and so on. However, the expanded use of renewable but intermittent energy
sources such as solar energy, wind power, and marine energy, coupled with increasing
demand for electric transportation vehicles (EVs), put forward requirements to LIBs for
higher capacity, lower cost, and fast rate capability.
State-of-the-art electrodes that have been investigated for commercial applications
fall mainly into three categories.[2,3] The first group is layered lithium compounds with a
close packed oxygen anion lattice. These materials are LiCoO 2,[4] and compositional
variations such as LiNi1−xCoxAlxO2,[5] and LiNixMnxCo1−2xO2.[5] The second group
consists materials having 3D spinel structure like LiMn2O4.[6] The third group contains
transition metal phosphates, such as the olivine LiFePO4,[7] with 1D Li ion diffusion
channels. Generally, all of these electrodes function via the intercalation mechanism during
Li accommodation and extraction with the preserved crystal structure, accompanied by
redox reactions of transition metal cations. The specific capacity of the electrode is then
limited by the safe amount of Li removal without impairing the structure backbone and the
number of electrons per transition metal cation that can participate in the redox reaction.
Therefore, the development of novel high energy electrode materials for rechargeable
lithium ion batteries is becoming more essential.

19
Electrodes work with conversion mechanism are suggested which can achieve a
significantly larger capacity by overcoming the inherent structural limitation. Many
transition metal oxides (MOs) and sulfides (MSs) have been investigated in the past as
conversion electrodes[8,9], exhibiting different chemical reactions, electrochemical
performance, and reversibility. Yet the detailed phase evolution and electrochemistry
during the cycling of conversion type electrodes are usually unclear which adds on the
hindrance for their practical application.
Meanwhile, the exclusive transition metal redox as mentioned for state-of-the-art
electrodes materials is also challenged by the recent discovery of anionic redox reactivity
in Li-excess materials, which can be taken advantage of to greatly boost the capacity of
anionic redox active electrodes.[10–16] In fact, the anions, rather than the TM ions, are
essential as counter-ions and the structural hosts in the Li-driven cathode materials. These
studies provide the possibility of boosting the capacity and energy density if anionic and
cationic redox activity can be enabled at the same voltage plateau. The exploration of this
new opportunity requires a fundamental understanding of the mechanism underpinning the
anionic redox chemistry in category variety of battery materials.
On the other hand, the emerging applications like EVs require substantially higher
rate capabilities than what can be achieved by state-of-the-art LIBs to be competitive to the
combustion engines in terms of the refueling time. Understanding the Li-ion mass transport
in the battery materials during the electrochemical cycling is therefore becoming crucial
and designing batteries with improved Li-ion conductivity by exploring the kinetic
bottlenecks has drawn a significant amount of attention.
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First-principles density functional theory (DFT) calculations have been widely used
as effective tools to study battery materials to explore new, high-performance electrode
materials, understand in detail the underlying mechanisms during electrochemical
reactions, and explore the ionic kinetics in battery materials.[17–25] In this thesis, we
attempt to understand the state-of-the-art Li-ion chemistries by exploring the relationship
between electrode materials atom identity, composition, structure and their properties and
use the predictive theory obtained to design advanced Li-ion batteries through firstprinciples calculations. In Chapter 2, we provide a brief background on the conventional
batteries, conversion reaction electrodes, anionic redox active electrodes, and solid state
electrolytes. The computational methods used during the course of our research studies are
also presented in Chapter 2. In Chapter 3, we discuss the non-equilibrium thermodynamics
in the electrochemistry and their impact to the battery performance, as well as a mechanistic
method as designed to explore the non-equilibrium thermodynamics. In Chapter 4, we
apply this method to reveal the conversion reaction mechanisms during electrochemical
lithiation process of several well-known transition metal oxides and sulfides. In Chapter 5
and 6, we discuss the high energy density electrode designing by utilizing the combined
cationic and anionic redox reactivity. In Chapter 7, we discovered a novel 2-dimensional
material which exhibits superb electric and especially ionic conductions which can be used
to boost the rate capacity of current electrodes in lithium ion batteries. In Chapter 8, we
investigate the kinetics-dominant reaction mechanisms of Selenium sodiation and lithiation
by examining the Li-ion and Na-ion conductivity using first-principle calculations. In
Chapter 9, we study the stability and conductivity of a complex lithium borohydride based
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solid-state electrolyte. In Chapter 10, we provide a summary of the work presented in this
thesis and future research directions.
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CHAPTER 2
Background and Methodology
2.1 Lithium-ion Batteries (LIBs)
2.1.1 Conventional LIBs
The conventional Li-ion cell is comprised of a layered graphite anode, an organic
electrolyte and an intercalation cathode (e.g. Li1-xCoO2). Li-ions shuttle between these two
electrodes through the electrolyte. On discharge, Li-ions leave the anode and intercalate
into the layered structure of the cathode material as shown in Equation 2.1, with electrons
flowing through the external wiring to generate power. During charging, the process is
reversed under an applied voltage (Figure 2.1). The specific capacity of the electrode is
then limited by the safe amount of Li removal without impairing the structure backbone
and the number of electrons per transition metal cation that can participate in the redox
reaction.
xLi + Li1-xCoO2 ↔ LiCoO2

(2.1)

Figure 2.1 Schematic of the conventional lithium-ion battery (LiCoO2 cathode/graphite anode)
operation.
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2.1.2 Conversion reaction electrodes
Different with the intercalation-type electrode materials, lithium ions (de-)insert
conversion reaction electrodes via a series of chemical reactions, converting the original
compound to new chemical phases as shown in Equation 2.2.
mnLi + MXm ↔ M + mLinX

(2.2)

Conversion-type materials can achieve a significantly larger capacity by
overcoming this inherent structural limitation of intercalation electrodes; however, they
pose other problems such as limited reversibility and voltage hysteresis. In these
conversion-type reactions, non-equilibrium phases often form during repeated
charging/discharging cycles, and these non-equilibrium pathways directly affect the
electrochemical performance.[26–28] A phase transformation of these non-equilibrium
phases to their thermodynamically ground state structures can occur spontaneously (as t →
∞); however, there may not be sufficient time to allow transformations from nonequilibrium phases into their equilibrium counterparts. The battery performance can be
greatly influenced by these non-equilibrium (de-)lithiation reactions, that could affect its
capacity and cyclability, as well as cause a voltage hysteresis.[29–37] Also, due to the
transient nature of these non-equilibrium phases, it can be challenging to identify and
characterize them experimentally during electrochemical reactions.[29,31]
Transition metal oxides (TMO) and sulfides (TMS) such as Co3O4,[38]
(Cu,Co)3O4,[39] NiO,[40] MoS2,[41] and CuS[42] are of significant interest as conversion
anode materials for lithium-ion batteries, due to their remarkably high theoretical capacities
and low cost. While many previous experiments have found that the charge/discharge
reactions of those TMO(S)s can be reversible, detailed information about the mechanisms
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of these reactions, such as the detailed phase transition, possible existence of intercalation
process, and the origin of the voltage hysteresis between the charge/discharge cycles, are
still poorly understood.
2.1.3 Anionic redox active electrodes
The exclusive dependence on the TM cations as the redox center in cathode
materials typically used in LIBs has been challenged by the recent discovery of oxygen
redox reactivity in Li-excess cathode materials. Hideyuki et al.[43] and Sathiya et al.[10,15]
first reported that the enhanced capacities in Li1.20Mn0.54Co0.13Ni0.13O2 and Li2Ru1−ySnyO3
can be realized via reversible anionic redox: O2- ➝ (O2)n-. In a number of further studies,
the redox activity of the anionic species, oxygen, has been confirmed, e.g., during the
electrochemical cycling of the Li4FeSbO6,[12] Li3NbO4,[44] β-Li2IrO3,[45] and
Li5FeO4[46] compounds. Understanding the origin of the oxygen redox, therefore, has
become essential. McCalla et al. and Grimaud et al. proposed that the Li-driven reversible
formation of peroxo-like (O2)n− species boosts the energy storage capacity of these Liexcess materials.[11,16] Different explanations have been given by Luo et al. [47], Seo et
al. [14] and Yao et al.[48] who suggest that the formation of localized electron holes on O
atoms with local Li-excess environments (contrary to (O2)n− dimers) are responsible for the
excess capacity during Li removal. Exploration of these Li-rich compounds with combined
cationic and anionic redox chemistry, high energy density, no O 2 loss, and low-cost are still
ongoing and have drawn significant attention from the electrochemical energy storage field.
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2.1.4 Solid state electrolytes
Since the commercialization of LIBs,[49] organic liquids have exclusive been the
only kind of electrolytes used in commercial systems, which is now a significant safety
concern for emerging applications such as electric vehicles and grid storage because of the
high risk of leakage[50] and flammability.[51] Besides, a dendritic lithium growth over the
extended cell cycling can lead to a short circuit in LIBs, where a lithium metal is used as
the anode, as well as containing the organic liquid electrolyte.[52] In addition, some of the
cathode materials tend to dissolve in the electrolyte (e.g., Mn ions in LiMn2O4 spinel
cathodes) that can further reduce the overall efficiency of LIBs.[53] The use of an inorganic
solid-state electrolyte (SSE) was therefore suggested, instead of using an organic liquid
electrolyte, in order to circumvent such disadvantages.[54] Various types of crystalline
lithium conducting SSE materials have been studied to date. For example, lithium
nitrides,[55] lithium hydrides,[56–60] perovskite-type oxides,[61] argyrodites,[62]
garnets,[63] NASICON[64], LISICON[65], and Li10MP2S12 (M = Si, Ge, Sn)[66,67] have
been investigated as promising SSE candidates for LIBs.
2.2 Density functional theory (DFT)
2.2.1 Introduction to first-principles density functional theory
While the Schrodinger equation has enable calculations of the quantum state of
electronic (and other) systems, it can only be solved exactly for a few simple realistic
situations like hydrogen atom. For atoms containing many electrons, a lithium atom for
example, the Schrodinger equation quickly becomes intractable because of the many-body
electron-electron interaction. For each electron, the wave function has three variables, so a
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lithium atom would involve a wave function of nine variables. One enormous
simplification to the problem was achieved when Hohenberg and Kohn[68] proves that an
external potential acting on electrons, 𝑉𝑒𝑥𝑡 (𝒓), in a many electron system is a unique
functional of density of electrons, 𝑛(𝒓). Second one proves, by variational principle, that
the exact n(r) is the one that minimizes the total ground state energy, 𝐸[𝑛(𝒓)], which reads,
𝐸[𝑛(𝒓)] = ∫ 𝑛(𝒓)𝑉𝑒𝑥𝑡 (𝒓) ⅆ𝒓 + 𝐹[𝑛(𝒓)]

(2.3)

where the exact form of functional 𝐹[𝑛(𝒓)] is unknown. Kohn-Sham (KS) formalism[69]
rendered the theorem applicable to almost all materials by showing that there is a one-toone correspondence between the real system with many-body electron interactions and a
hypothetical non-interacting single-particle KS system, as long their 𝑛(𝒓)’s are the same.
Kohn and Sham put 𝐹[𝑛(𝒓)] in a certain form such that its unknown part
(exchangecorrelation (XC) functional, 𝐸𝑋𝐶 [𝑛(𝒓)] is separated from the known single
particle kinetic energy TS and electrostatic Hartree energy EH as,
𝐹[𝑛(𝒓)] = 𝑇𝑠 (𝒓) + 𝐸𝐻 (𝒓)[𝑛(𝒓)] + 𝐸𝑋𝐶 [𝑛(𝒓)]

(2.4)

The KS formalism is exact but the accuracy of DFT depends on how accurately
𝐸𝑋𝐶 [𝑛(𝒓)] can be approximated. It must account for all the effects that are not properly
handled by single-particle KS equations; e.g., the influence of Pauli Exclusion Principle
and many body effects on electron motion. Among many different flavors, local density
approximation (LDA) and generalized gradient approximation (GGA) are currently the
most widely utilized XC-functionals[70]. However, when correlation effects are strong as
in 3d- metal oxides, the electrons which ought to be localized onto atoms are delocalized
within DFT calculations. A way to correct this is separately treating the highly correlated
electrons with an on-site Hubbard-U term. This method is called DFT+U (or LDA+U) and

27
is due to Anisimov.[71] We will utilize it with GGA and refer to it as GGA+U. This
additional term energetically penalizes partial occupations and localizes electrons. While
the value of 𝑈𝑒𝑓𝑓 can be approximated with a linear response approach,[72] it is usually
treated as an empirical parameter fit to reproduce desired properties.
Since the experimental screening of a large number of materials can be a
challenging and arduous task. Significant time and effort can be saved by using highthroughput computational techniques to predict and guide the selection of promising
materials for the experimental evaluation.[73]
2.2.2 Voltage profile prediction using DFT calculations
The average lithiation/delithiation voltage (relative to Li/Li+) corresponding to
specific electrochemical reaction can be computed using the negative of the reaction free
energy per Li added/removed, as shown in Eq. (2):[74]
∆𝐺

𝑉 = 𝐹∆𝑁f

Li

(2.5)

where F is the Faraday constant, ∆𝑁Li is the amount of Li added/removed and ∆𝐺f is the
(molar) change in free energy of the reaction. Considering a two-phase reaction between
LixMO and LiyMO: LixMO + (y - x)Li ➝ LiyMO, ∆𝐺f can be approximated by the total
internal energies from DFT calculations neglecting the entropic contributions (0 K),
∆𝐸 = 𝐸(Li𝑦 MO) − 𝐸(Li𝑥 MO) − (𝑦 − 𝑥)𝐸(Limetal )

(2.6)

where 𝐸(Li𝑥 MO) and 𝐸(Li𝑦 MO) are the DFT energies at the respective compositions.
The neglect of entropic contributions means that the lithiation voltage profiles will follow
the T = 0K ground state convex hull and consist of a series of constant voltage steps along
the two-phase regions of the convex hull, separated by discontinuities which indicate the
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single phase compounds on the hull. It is worth mentioning here that, in practice,
lithiation/delithiation do not necessarily proceed through two-phase reactions. Thus, the
calculated T = 0K voltage profiles should be viewed as an approximation to the actual
voltage profiles.[33] At finite temperatures (e.g., room temperature), the voltage drops in
the profile become more rounded , due to entropic effects.[17]
2.2.3 Mass transport and defect conductivity
The kinetic process at the atomic scale was examined by carrying out a point defect
calculation in the bulk phases. The ionic conductivity for defect species i is defined as:
𝜎𝑖 = 𝐶𝑖 𝑞𝑖 𝜇𝑖

(2.7)

where 𝐶𝑖 is the charged defect concentration, 𝑞𝑖 is the charge carried by the defect and 𝜇𝑖
is the defect mobility. Using the Arrhenius equation, the mobility is related to the activation
energy 𝐸 𝑎𝑐𝑡 in the following equation:
𝜇𝑖 = 𝜇𝑖0 𝑒𝑥𝑝(−𝐸 𝑎𝑐𝑡 ∕ 𝑘𝐵 𝑇)

(2.8)

The concentration 𝐶𝑖 for a defect species i can be obtained using equation as
follows:[75]
𝐶𝑖 = 𝑁𝑖𝑠𝑖𝑡𝑒 𝑁𝑖𝑒𝑞𝑣 𝑒𝑥𝑝(−𝛥Giform ∕ 𝑘𝐵 𝑇)

(2.9)

where 𝑁𝑖𝑠𝑖𝑡𝑒 is the number of possible defect sites per unit volume and 𝑁𝑖𝑒𝑞𝑣 is the number
of equivalent ways to introduce the defect at a particular site. 𝛥Giform is the formation
energy of the defect i. 𝛥Giform is equal to:
𝛥Giform = Gidef − G pure − ∑ 𝑛𝑖𝑠 𝜇 𝑠 + 𝑞𝑖 (𝜀𝐹 + 𝐸𝑉𝐵𝑀 + ∆𝑉)

(2.10)

where Gidef is the energy of a supercell with this defect and G pure is the energy of the
supercell without any defect. ∑ 𝑛𝑖𝑠 𝜇 𝑠 is the total chemical potential of the defect; 𝜇 𝑠 is the

chemical potential of an atom of type s and

𝑛𝑖𝑠
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is the number of atoms of s type in defect i.

𝑞𝑖 (𝜀𝐹 + 𝐸𝑉𝐵𝑀 + ∆𝑉) corresponds to the energy to introduce (or remove) electrons while
creating of charged defects with charge state qi and Fermi level 𝜀𝐹 referenced to the valence
band maximum, 𝐸𝑉𝐵𝑀 , of the bulk material. ∆𝑉 term is an extra shift in the average
electrostatic potential, which aligns the VBM of defect supercells with the bulk VBM
caused by the finite size of the defect supercell.[75] The contribution from ∆𝑉 is negligible
due to the sufficient large supercell used in this study. The Fermi level is determined
considering the charge neutrality by solving equation (8):
def
∑𝑁
𝑞𝑖 𝐶𝑖 = 0
𝑖

(2.11)

where 𝑁def is the total number of defects considered.
Vacancy

sites

are

identified

by

considering

symmetrically

different

sites/configurations for specific atoms/clusters. Interstitial sites are generated using a
geometric method[76] by selecting voids in the structure. A radially decaying exponential
function is defined centered at each atomic site,
𝑓𝑖𝑗 (𝒓) = exp(−|𝒓 − 𝒓0𝑖𝑗 |/𝑎)

(2.12)

where 𝒓0𝑖𝑗 is the vector corresponding to the Cartesian position of atom j in cell i and a is
the control factor for the rate of decay (default value: 0.25). For the whole crystal structure,
an overall function is defined as
𝑁

𝑁

𝐹(𝒓) = ∑𝑖 𝑐𝑒𝑙𝑙𝑠 ∑𝑗 𝑎𝑡𝑜𝑚𝑠 𝑓𝑖𝑗 (𝒓)

(2.13)

where 𝑁𝑐𝑒𝑙𝑙𝑠 is the number of cells in the crystal structure and 𝑁𝑎𝑡𝑜𝑚𝑠 is the number of
atoms in an unit cell. The summation is truncated by considering only those terms within
some absolute distance from r while excluded terms are negligible to a fixed tolerance.
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Stationary points (local minima) of 𝐹(𝒓) with all three Cartesian derivatives equal to zero
corresponds to the candidate interstitial sites.
We evaluate the defect mobility using kinetic Monte Carlo (KMC) simulations with
the geometric and transition-state[77,78] energetic information gathered from Nudged
Elastic Band (NEB) calculations.[79,80] The rate of jumps from site i to site j is calculated
using
𝑚𝑖𝑔

𝑅𝑖𝑗 = 𝜈𝑖𝑗 exp(− ∆𝐻𝑖𝑗 ⁄𝑘𝐵 𝑇 )
𝑚𝑖𝑔

where 𝜈𝑖𝑗 is the attempt frequency and ∆𝐻𝑖𝑗

(2.14)

is the energy difference between ground and

transition states at 0 K. We choose a uniform 𝜈𝑖𝑗 = 1013 𝑠 −1 because is independent of
temperature in the classical limit which would have negligible effect on the calculated
activation energies.[78] The diagonal elements of the diffusivity tensor are calculated with
〈𝑑 2 〉

𝛾
𝐷𝛾𝛾 = 2〈∆𝑡〉

(2.15)

where ⅆ𝛾 is the component of the displacement vector in 𝛾 direction (𝛾 = x, y, z) and ∆𝑡 is
the simulation length. Averaging of ⅆ𝛾 and ∆𝑡 are made over all simulations at certain
temperature. Related simulations are performed until the standard error was less than 1%
of the mean diffusivity at specific temperature with 10,000 jumps made in each simulation.
Diffusivities are calculated with 10 K intervals using isolated defects in an infinite crystal
to simulate the diffusion in the bulk situation. All the diffusion pathways between stable
sites are enumerated. Climbing image NEB calculations were performed to find the barriers
needed for the KMC simulations.
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CHAPTER 3
Understanding the Non-Equilibrium Thermodynamics in Electrochemical
Conversion Reactions
3.1 Introduction
Many transition metal oxides and sulfides have been investigated in the past as
conversion electrodes, in this work, we use Co3O4 and NiO as examples to examine the
non-equilibrium thermodynamics in the electrochemical conversion reactions. As
conversion-type electrode materials, Co3O4 and NiO can achieve a very high reversible
capacity of >700 mAh/g.[81] Co3O4 and NiO are observed to lithiate at ~1.1 and 0.7 V (vs.
Li/Li+), respectively, with a large voltage hysteresis of >1.0 V during charge/discharge
runs.[81] While exceptional reversible reactivities of Co3O4 and NiO have been achieved
in previous experiments,[81–87] the underlying mechanism during the electrochemical
process, and the source of the large hysteresis has not been fully understood. During the
lithiation of Co3O4, it was observed that tetrahedral Co cations are displaced into
neighboring empty octahedral sites while incoming Li ions occupy the remaining
octahedral sites, producing an intermediate, rocksalt-based, non-equilibrium phase with a
partial disordered (Li/Co) structure (i.e., LiCo3O4).[83,88] Further lithiation of LiCo3O4
leads to a slow extrusion of cobalt at the octahedral sites.[83] The structural evolution
beyond that point (2 < x < 8, LixCo3O4) is still unclear. The lithiation of NiO is initiated by
a quick saturation of near-surface electroactive sites, followed by propagation of these
lithiated phases (Li2O•Ni) into the bulk with a “finger-like” morphology.[89] The
conversion-reaction decomposition of Co3O4 and NiO in the first cycle involves the
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formation of amorphous/nano-sized metal (e.g., Co and Ni, respectively) and lithia (Li2O);
no crystalline Co, Co3O4, Ni, NiO, or Li2O were identified in fully lithiated samples. In
subsequent cycles, the amorphous/nano-sized phases of the electrode are preserved.[90] It
has been suggested that repeated decomposition and the formation of lithia is facilitated by
the nanoscale dimensions

and the catalytic activity of the transition metal

particles.[86,91,92]
The large voltage hysteresis (> 1.0 V) between charge and discharge voltage
profiles causes low cycling efficiency of conversion material electrodes and hinders their
practical applications. Many efforts have been made to obtain a comprehensive
understanding of the origins of the voltage hysteresis. Several hypotheses were suggested
based on experimental and computational studies besides the well-known ohmic drop
(typically on the magnitude of 0.1 V).[28] We summarize these hypotheses here: 1) Nano
effect - Nanosized phases, as mentioned above, have been forming repeatedly during the
electrochemical lithiation and delithiation of transition metal oxides. The cohesive energy
of nanoparticles can be significantly lower than the bulk counterpart which can thereby
affect the reaction voltages.[93] Doe et al.[32] reported a voltage drop around 0.4 V upon
lithiation, assessed using a 1 nm spherical particle of bcc iron. However, we note that the
overall effect on the voltage hysteresis of a complete cycle should be more limited since
the nanosized phases are formed on both lithiation and delithiation and the voltage
variations due to nanostructuring would presumably affect the charge/discharge voltage in
the same direction. 2) Distinct surface chemistries upon charge and discharge - Khatib et
al.[26] and Meggiolaro et al.[27] demonstrated that the surface reactions are different
between the lithiation and delithiation of CoP and MgH 2. The corresponding reaction
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energy difference contributes to the voltage hysteresis observed during the cycling of CoP
(0.41 V) and MgH2 (0.16 V). However, in the conversion electrodes of the present study
the magnitude of voltage hysteresis is much larger, and it is unclear whether the surface
reaction mechanism can account for such a large hysteresis. 3) Compositional
inhomogeneity caused by kinetic limitation - Li et al.[28] and Wang et al.[94] proposed
that the distribution of phases formed upon charge and discharge of FeF 3 could be different
due to differences in diffusivity between Fe and F. As a result, a Li-deficient surface forms
on charge while a Li-rich surface forms on discharge setting the system at different
potentials versus Li+/Li0 and inducing a voltage gap. Therefore, the voltage hysteresis
according to this mechanism should be largely alleviated when the particle size is
sufficiently reduced, allowing for fast reaction kinetics. For transition metal oxides,
however, the hysteresis is generally maintained regardless of particle morphologies, shapes,
and sizes of the electrode materials.[38,95–99] 4) Different reaction paths upon charge
and discharge - The substantial thermodynamic and kinetic disparities between
charge/discharge reaction paths has the possibility to account for the large voltage
hysteresis (> 1.0 V) observed in conversion oxides like Co3O4 and NiO. These disparate
pathways have been found in other systems. Yu et al.[100] identified an intermediate phase
during the conversion from LiTiS2 to Cu0.5TiS2 while the re-conversion reaction exhibits
simple two-phase features without any intermediate phase. Similarly, Chang et al.[36]
found reaction path differences between the charge and discharge of Cu 2Sb. Boesenberg et
al.[101] reported asymmetric pathways during cycling of NiO with the formation of a
metastable intermediate phase on delithiation. The reaction path difference was then
confirmed by Ponrouch et al.[102]
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The conversion reaction of Li-MOs at room temperature involves a series of nonequilibrium phases that may be different from their thermodynamic equilibrium
counterparts due to other kinetic constraints. Here, we develop a DFT-based methodology
to determine the non-equilibrium and equilibrium phase evolution during the lithiation and
delithiation processes of MOs, namely, Co3O4, NiO. We predict the corresponding
lithiation and delithiation voltage profiles which show similar trends with the
experimentally observed discharge and charge voltage curves. We propose that the large
voltage hysteresis occurring in Co3O4 and NiO can predominantly be attributed to the
dramatic difference in reaction pathways between a thermodynamically non-equilibrium
lithiation and an equilibrium delithiation. These conversion-type electrodes, when used
within the practical capacity thresholds, are predicted to have improved cycling stability
and lower voltage hysteresis.
3.2 Methodology
3.2.1 Density functional theory calculations
All DFT calculations were carried out in the Vienna Ab-initio Simulation Package
(VASP)[103–106] with the projector augmented wave (PAW) potentials.[107] The
generalized gradient approximation (GGA) of Perdew-Becke-Ernzerhof (PBE)[108] was
used for the exchange-correlation functional; also, all calculations are spin polarized. We
used a cutoff energy of 520 eV for the plane-wave basis set and Γ-centered k-meshes with
the density of 8000 k-points per reciprocal atom in all calculations. We used the DFT + U
method with onsite U parameters to treat the 3d electrons of Co and Ni ions. The U values
of 3.3 eV and 6.4 eV were adopted for Co and Ni ions, similar to previous studies by fitting
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the experimental and calculated formation enthalpy.[109–116] Ferromagnetic (FM) and
antiferromagnetic (AFM) spin-polarized configurations were used for Co3O4 and NiO
respectively since NiO is known to display the antiferromagnetic (AFM) ground states
below a Néel temperature of 523 K.[117]
3.2.2 Construction of Li-M-O ternary phase diagrams and ground state reaction
paths
Phase diagrams represent the thermodynamic phase equilibria of multicomponent
systems and reveal useful insights on the processing and reactions of materials.
Nevertheless, the experimental determination of a phase diagram can be extremely time
and labor consuming which requires dedicated synthesis and characterization of all phases
in the target system. Computational tools like DFT can accelerate phase diagram
constructions remarkably.[118,119] By calculating the DFT energies of all known
compounds in a chemical system, we can determine the T=0K phase diagram, or ground
state convex hull, of that system. Here in this study, we constructed ternary Li-M-O (M=Co,
Ni) convex hulls using the structures with the lowest energy at each composition. The
structures were adopted from the Inorganic Crystal Structure Database (ICSD).[120] The
reference states (Li, Mn, Ni, non-solid O2) were obtained by fitting to experimental data
from the SGTE substance database (SSUB) and IIT.[112,114,121–124] Calculations to
construct equilibrium Li-M-O (M=Co, Ni) phase diagrams were carried out within the
Open Quantum Materials Database (OQMD) framework.[113,114] All the stoichiometries
labeled on the phase diagram are part of the ground state convex hull, indicating that these
compounds are stable and have lower energy than any linear combination of other
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compounds that add up to the same composition. The tie-lines and phase regions in a
ternary phase diagram indicate the coexistence of two and three phases, respectively. The
equilibrium lithiation/delithiation reaction paths can be determined directly from the
ground state convex hull between Li and MOs which is obtained using a linear
programming approach.[118]
3.2.3 Non-equilibrium Phase Searching method
Though the equilibrium lithiation pathway can be simply determined from the
ground-state convex hull, determining a non-equilibrium reaction pathway is much more
difficult, because there is no general, simple guiding principle to determine this pathway.
To simulate the non-equilibrium lithiation process (i.e. energetically above the equilibrium
reaction pathway) of the MOs, we designed a structure-based, mechanistic method namely
NEPS (Non-equilibrium Phase Searching method) to search for intermediate phases
(Figure. 3.1) by exploring geometrically distinct Li/vacancy configurations on possible
insertion sites of MO structures at different compositions (Li/vacancy ratios). An
assumption is made based on previous non-equilibrium (de)lithiation studies[36,100] that
Li ion diffusion in the transition metal oxide is significantly faster compared to diffusion
of the transition metal ions and oxygen ions during the lithiation reaction. Our hypothesis,
therefore, is that Li ion(s) inserted into a compound can find the lowest energy empty site(s)
for any given arrangement of transition metals and oxygen ions. The positions of the
transition metal ions and oxygen ions respond to the presence of the Li only via local
relaxation, enabling the non-equilibrium lithiation process. Our computational method
involves, the following five steps, described below:
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i) Starting with the host compound (which may or may not contain Li), identify all
possible insertion sites. The method is initiated by searching for interstitial sites in the
original transition metal oxide structures. An in-house code MINT (openly available on
GitHub)[76,80,125,126] was used which automates the search for insertion sites. The
algorithm works by placing an analytic, exponential decaying function (Exp[-r/a]) at each
atomic site and searching for geometric minima in the resulting function. An illustration of
the utility of MINT to find interstitial sites in a complex crystal structure is given in Ref.
([76]) for the problem of defects and mass transport in B20H16. Models with different sizes
of supercell were then built with all the empty insertion sites identified.
ii) Generate all symmetrically distinct configurations for Li insertion. We worked
with the Enum code[127–129] to generate all symmetrically-distinct configurations of Li
on the unoccupied sites. All configurations were classified according to their composition
Lix•1-xMO.
iii) Compute total energies of all configurations generated in step ii). To enable a
fast energy sampling, simple point-charge electrostatic calculations were conducted, using
nominal charge states for the ions in the system.[76]
iv) Select the structures with lowest electrostatic energies to be computed more
accurately and atomically-relaxed in DFT. For each composition, the structures were
ranked by the electrostatic energies, and the three lowest energy structures were further
relaxed using DFT. The formation energies for these selected structures were evaluated
according to the following reaction: MO + xLi+ → LixMO.
v) Using all of these non-equilibrium structures derived from insertion of Li into
the initial TM oxide, build the “non-equilibrium convex hull” and determine phases. For
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each specific system (Li-MO), we build the corresponding non-equilibrium convex hulls
with the calculated formation energies at all compositions. The compositions, structures,
energies located on the convex hull correspond to the identified non-equilibrium phases.
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Figure 3.1 Searching for the non-equilibrium phases through the Li-TMO reactions: An example
of Li-Co3O4. The searching process proceeds as follows: (i) Possible insertion sites (Td and Oh)
were identified from the original Co3O4 spinel structure. (ii) All symmetrically-distinct
configurations of Li on the unoccupied sites were generated for each composition using Enum
(Li/vacancy orderings are shown by the green circles with the Co3O4 structure visualized by
lines).[127–129] (iii) Total energies of all the configurations generated were sampled using
electrostatic calculations. (iv) For each composition, corresponding structures were ranked by the
total energies, and the three lowest energy structures were further relaxed using DFT. The formation
energies for these selected structures were then evaluated. (v) Using formation energies obtained,
the non-equilibrium Li-Co3O4 convex hull is built. The composition points located on the convex
hull then correspond to the identified non-equilibrium phases.
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a
Td
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O

Figure 3.2 Chemical structures of (a) Co3O4 (Fd-3m) and (b) NiO (R-3m). All the unoccupied Td
and Oh sites can be used as an insertion site for lithium ions. The dark blue, green, and red circles
represent Co, Ni, and O, respectively with grey and white circles represent Td and Oh vacancy
sites within the host structure.

For Co3O4, we used a supercell containing 6 Co ions (4 Co3+, 2 Co2+) and 8 O2- ions,
which has 16 total tetrahedral and octahedral unoccupied sites that Li ions can insert as
shown in Figure 3.2. As mentioned in the introduction, the lithiation of Co3O4 is
accompanied by the displacement of tetrahedral Co cations into neighboring empty
octahedral sites. We considered the energetic influences on the Co ion migration to the
octahedral site[83] by creating three initial Co3O4 configurations, as shown in Figure 3.3.
Figure 3.3a represents the original spinel Co3O4 structure (with Co occupying both
tetrahedral and octahedral sites in a 1:2 ratio); and Figures 3.3b and 3.3c represent
structures where half and all of the tetrahedral Co ions are moved to octahedral sites,
respectively. Particularly for the LiCo3O4 phase which is reported to have all Co ions
migrated to the octahedral sites randomly, we reproduce the partially disordered structure
using the special quasi-random structure (SQS) method by populating the metal sites with
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Co and Li randomly. An SQS was generated based on a Monte Carlo algorithm
implemented in ATAT[130–133] with the constraint that the pair and triplet correlation
functions of the SQS are identical to those of the statistically random Co/Li population of
cation sites at least up to the third nearest neighbor. Starting from these structures shown
in Figure 3.3, we insert the Li atom(s) into the unoccupied octahedral and tetrahedral site(s)
for a range of compositions within 0 < x  8 for LixCo3O4.
For NiO, we used a supercell containing 8 Ni2+ ions and 8 O2- ions, which has 16
total tetrahedral unoccupied sites where Li+ can insert as shown in Figure 2.2. We insert
the Li atom(s) into the unoccupied tetrahedral site(s) in Figure 3.2b to generate LixNiO (0
< x  2) structures.

a

b

Original Co3O4
Co

O

Co3O4 w/ 1/2 Co
(Td) → Oh sites

c

Co3O4 w/ all Co
(Td) → Oh sites

Figure 3.3 Three initial configurations for the searching of LixCo3O4 non-equilibrium phases. (a)
Original Co3O4, (b) Co3O4 structure with 1/2 Td Co atoms are migrated from Td sites to Oh sites,
and (c) Disordered Co3O4 structure with all Td Co atoms are migrated to Oh site.
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3.3 Results and discussion
3.3.1 Li-M-O (M = Co, Ni) ground state convex hulls and equilibrium (de-)lithiation
voltage profiles
We begin with the calculation of equilibrium (de)lithiation pathways, given by the
equilibrium convex hull construction. The ternary Li-Co-O and Li-Ni-O ground state
convex hulls are presented in Figure 3.4 with stable compositions marked by filled circles.
Stability of compounds on the convex hull indicates that they have a lower DFT energy
than any linear combination of other compounds (which are contained in the OQMD
database). Compositions marked with an “×” are the non-equilibrium phases identified in
Section 3.2.3 inside a stable three-phase region or on the two-phase tie-line which have
higher energy than a mixture of the three/two compounds that define the triangle/tie-line.
Although such compounds are thermodynamically unstable, they can be non-equilibrium
if kinetic limitations (e.g., diffusion, nucleation) prevent the relaxation of the system to the
equilibrium, stable phases.[31]

Table 3.1 Lithiation reactions of the equilibrium path of Co3O4 and NiO.
Region
I
II
V
IV
I
II

Reaction
Co3O4 + Li → LiCoO2 + 2CoO
LiCoO2 + 2CoO + Li → 1/3Li6CoO4 + 8/3CoO
1/3Li6CoO4 + 8/3CoO + 4Li → Li6CoO4 + 2Co
Li6CoO4 + 2Co + 2Li → 4Li2O + 3Co
NiO + Li → 1/2Li2NiO2 + 1/2Ni
1/2Li2NiO2 + 1/2Ni + 1Li → Li2O + Ni

Capacity
[mAh/g]
111
223
668
890
359
718

Voltage
[V]
2.53
1.82
1.81
1.66
1.75
1.71

The equilibrium lithiation reaction paths of MOs go through multiple three-phase
regions in Figure 3.4 consisting of the stable phases marked in our ternary phase diagrams.
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These regions correspond to various lithiation reactions listed in Table 3.1, where we
calculate the capacities and average voltages of these reactions. In Figure 3.3, we compare
the equilibrium reaction voltage profiles predicted with DFT with the experimental voltage
profiles adapted from Refs. [[81,82,134]]. We note that the overall values of the calculated
equilibrium voltage profiles of Co3O4 and NiO with DFT reasonably agree with the
experimental delithiation curves (Figures 3.5a-b). Therefore, we conclude that the
delithiation of Li8Co3O4 (4Li2O·3Co) and Li2NiO (Li2O·Ni) follow pathways which are
energetically close to the equilibrium reaction processes. There is a voltage difference
between the calculated equilibrium profile and experimental curve at the beginning of the
delithiation. Many factors (e.g. entropy, reaction kinetics, compositional inhomogeneity,
etc.) can contribute to this voltage difference. Yet detailed investigation on clarify the
energetically dominant factor is beyond our current scope. However, for Co3O4 and NiO,
the calculated equilibrium voltage profiles are much higher compared to the lithiation
plateaus at 1.1/0.7 V as shown in Figure 3.3a-b. These voltage differences reflect the large
voltage hysteresis during the cycling of Co3O4 and NiO and suggesting an alternative
reaction path for the lithiation processes. As a result, we focus on the non-equilibrium
lithiation pathways involving intermediate structures as an explanation of the discrepancies
between experimental lithiation and calculated equilibrium voltages.
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Figure 3.4 The Li-M-O phase diagrams and equilibrium lithiation/delithiation paths of (a) Co3O4
and (b) NiO. The equilibrium reaction paths are represented by the dotted line. The three-phase
regions which lithiation/delithiation path goes through are marked by Roman numerals.
Compositions marked with an “×” are the non-equilibrium phases identified in Section 3.2.3.
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Figure 3.5 Calculated equilibrium lithiation/delithiation voltage profiles for (a) Co3O4 and (b) NiO
and experimental voltage profiles adapted from Ref. [81,82,134]. The overall values of the
calculated equilibrium voltage profiles of Co3O4 and NiO reasonably agree with the experimental
delithiation curves. The experimental lithiation/delithiation profiles are represented by the black
and grey curves.

3.3.2 Non-equilibrium lithiation voltage profiles
Since the lithiation voltages from experiments exhibit large differences with the
equilibrium voltage profile (Figure 3.5), we investigate the non-equilibrium lithiation
process of MOs by the prediction of non-equilibrium structures and reaction pathways
based on geometrical enumerations (the methodology is detailed in Section 3.2.3). During
the lithiation process of Co3O4 and NiO, we identify several non-equilibrium phases
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(LixCo3O4, x = 1, 2, 3, 4, 5, 8 and LixNiO, x = 1.625, 2) along the Li-Co3O4(NiO) “nonequilibrium convex hulls” as shown in Figure 3.6a and 3.6c. Using these non-equilibrium
phases, the overall voltages of calculated “non-equilibrium” lithiation reactions (Figure
3.4b and 3.4d) are in significantly better agreement with experimental lithiation voltages
than the calculated equilibrium values.[81,82] Because our voltages are based on T=0K
energetics, the shape of the calculated voltage profile is a series of constant voltage
reactions with steps in between. However, the experimental curves are generally more
smooth and continuous. It is noteworthy that the simulated voltage profiles will generally
become more smooth when entropic considerations and finite temperature[17] is taken into
account. The comparison of calculated voltages and structural information with experiment
(electrochemical, XRD, and EXAFS) lead us to the conclusion that the lithiation of Co3O4
and NiO follows a series of non-equilibrium phases instead of the ground state equilibrium
phases in Tables 3.1. The structural validation and comparison with experiment will be
discussed in following sections. Additionally, discharge voltage curves of certain
conversion-type materials could be affected by many different experimental aspects,
including synthesis method, particle morphology, test settings, etc. Particularly for Co3O4
and NiO, the lithiation voltage profiles of various nano particles[38,98,135–137]
demonstrate continuously decreasing trends in contrast to the largely flat profile obtained
using bulk materials as shown in Figure 3.6. However, exploring for the detailed reasons
behind these nano- vs. bulk experimental voltage curves is beyond the scope of this study.

b

Voltage (V vs. Li/Li+)

3.5
2.5
2.0
1.5

Simulated non-equilibrium lithiation
process

1.0

Lithiation (experiment)

0.5

0.4

b

3.5

1/2 Td ⟶ Oh

Original

c

All Td ⟶ Oh

0.2
0.0

−0.2

Voltage (V vs. Li/Li+)

Voltage (V vs. Li/Li+)

d
Delithiation (experiment)

3.0
2.5
2.0

c

1

2

3
4
5
x in LixCo3O4

6

7

8

46

1.0
0.5
0.0

−0.5

−0.4

1.5

Simulated non-equilibrium lithiation
process

1.0

Lithiation (experiment)

0.5

0

1.5

Formation energy
(eV/atom)

Formation energy
(eV/atom)

a

Delithiation (experiment)

3.0

0

1

2

3
4
5
x in LixCo3O4

6

7

8

−1.0
−1.5
3.0
2.5

Delithiation (experiment)

2.0
1.5
Simulated non-equilibrium lithiation process

1.0
0.5
0.0

Lithiation (experiment)
0.0

0.5

1.0
x in LixNiO

1.5

2.0

Formation energy
(eV/atom)

1.5

1.0
Figure 3.6
Convex hulls generated with all the calculated non-equilibrium phases for (a) Co3O4
0.5

0.0
and (b) NiO,
and the corresponding voltage profiles of the Li insertion into (c) Co3O4 and (d) NiO.
−0.5

−1.0
Predicted
non-equilibrium reaction voltage profiles fall into the experimental lithiation voltage
−1.5
3.0
intervals.2.5

Voltage (V vs. Li/Li+)

d

Delithiation (experiment)

2.0
1.5
Simulated non-equilibrium lithiation process

1.0
3.3.3 Atomistic
structural evolutions during the non-equilibrium lithiation process

Co3O4

0.5
0.0

Lithiation (experiment)
0.0

0.5

1.0
x in LixNiO

1.5

2.0

We next look into the atomistic phase evolution during the non-equilibrium
lithiation process. The lithiation of Co3O4 starts with both Li and Co (migrated from the Td
sites) taking the unoccupied O h sites. As all the Oh sites are fully occupied by Li and Co at
x = 1, the resulting LiCo3O4 phase adopts a partially disordered (Li/Co) rocksalt structure
(Figure 3.7b), as observed by Thackeray et al. through X-ray diffraction analysis.[83] In
the following step (x = 2) in Figures 3.7c, continuing Li ion insertion forces the
octahedrally-coordinated cobalt ions in LiCo3O4 to migrate back to tetrahedral sites in
Li2Co3O4. A mosaic structure (Figure 3.7c) forms at this step with localized CoO-Li2O
character and Co ions occupy both Td site and O h sites confirming the X-ray diffraction
analysis conducted for Li1.92Co3O4 by Thackeray et al..[83] With further Li intercalation (x
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= 3), we observe in Figures 3.7c that the oxygen fcc frameworks still stay intact. To better
understand the atomistic reduction of ions in the cells, we conduct Bader charge
analysis[138,139] for Co ions in intermediate phases (Figure 3.8a). We also monitor the
interatomic distance between selected nearest neighbor ions through the lithiation process,
as shown in Figure 3.8b. From Co3O4 to Li3Co3O4, the Bader charge of Co decreases for 0.44e indicating the Co ion reduction (Co3+  Co2+). Co-Co, and O-O interatomic
distances in Figure 3.8b show limited changes indicating the overall preservation of the
backbone of the structure. These observations indicate the potential to use Co3O4 as a
reversible, intercalation-type electrode in a constrained lithiation range (0 < x < 3).
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Figure 3.7 Structures of the non-equilibrium phases on the convex hull and the corresponding
phase evolution. At the beginning of the lithiation, both inserted Li and Co ions from the T d sites
tend to occupy the empty Oh sites forming LiCo3O4 as shown in Fig. 3.7b (Co movements are
indicated by black arrows). Furthermore, it is observed that the oxygen fcc array starts to be
distorted in Fig. 3.7c. In Li4Co3O4, the Co-O coordination numbers are decreasing (labeled by the
green rectangle) [Fig. 3.7e], followed by the Li/O congregating (green rectangle) and Co gathering
(blue square) in Fig. 3.7f. Lastly, we observe the formation of Li2O and Co clusters, i.e. a strong
tendency to phase separate into ground-state phases at that composition, which is consistent with
previous experiments.[82,90]

Beyond the intercalation-type reaction (x ≥ 4), Co ions start to get partially reduced
to their metallic oxidation state (Co2+  Co0, Fig. 3.8a) and begin to be extruded from the
structure. Co ions in these non-equilibrium structures begin to cluster and Li/O also start
to congregate as the system approaches the x = 5 Li5Co3O4 phase in Figure 3.7f. The
lithiation now starts to resemble a pathway closer to the conversion-type reaction. When
the Co3O4 is fully lithiated (x = 8), Co ions have been fully reduced to Co metal; and Li
ions combine with O ions to form a distorted Li2O. We observe that in this highly lithiated
state, the Co clusters distribute in an alternate layer of distorted Li2O in Figure 3.7g, which
in an indication of the phase separation tendency between nanoscale Co metal and lithia.
We consistently observe that the distances between neighboring Li-O and O-O ions in
Figure 3.8 approach the typical bond lengths in Li2O while the Co-Co distances get close
to that of Co metal, which validates the experimental observation of Co nanoparticles
dispersed in the disordered Li2O in previous studies.[82,90] Our results have demonstrated
that only Li2O is forming and no other products such as Li2O2 or LiO2 are observed during
the lithiation process (Figure 3.8b). We have compared our calculated Co-Co interatomic
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distances during lithiation with the values measured by extended x-ray absorption fine
structure method (EXAFS).[86,140] The predicted Co-Co distance show reasonable
agreement with the experimental EXAFS observations across a range of Li concentrations,
further validating our lithiation pathway results (Figure 3.8b).

a

b

Figure 3.8 (a) Averaged net charges on Co in LixCo3O4, (0 < x < 8) based on the Bader charge
analysis. The error bar corresponds to the distribution (maximum and minimum) of charges on the
Co ion. (b) Interatomic distance during the lithiation process of Co3O4. The error bar corresponds
to the distribution (maximum and minimum) of interatomic distances. EXAFS data on Co-Co
interatomic distance is adapted from Ref. [86,140]. Typical interatomic bond lengths (adapted from
Ref. [141,142]) are also provided in the figure (right).

NiO

50
Unlike Co3O4, the lithiation of NiO starts with conversion-type features. When
lithiation begins, Li ions go into the Td interstitial sites of the NiO structure (Figure 3.9).
After 1.6 Li are inserted, Ni2+ ions have been largely reduced to Ni0 metal atoms as shown
by Bader charge analysis (Fig. 3.10a). And, the system reaches its first non-equilibrium
phase characterized by alternative layers of distorted Ni and lithia. The variation of Ni-Ni
interatomic distance as a function of x in Figure 3.9b confirms the changes in the oxidation
state of Ni (Ni2+  Ni0). Some of the Ni ions are still bonded with oxygen ions with a
narrow distance between them (Fig. 3.10b). When 2 Li are inserted, all the Ni ions are
reduced to Ni0 with lithia forming single layers implying the phase separation between
nanoscale Ni metal and lithia (Fig. 3.9c). Again, only Li2O is formed and no other products
such as Li2O2 or LiO2 are observed during the lithiation process (Figure 3.10b). Similar to
Co3O4, the predicted Ni-Ni distance show remarkable agreement with the experimental
observations as a function of Li concentration (Figure 3.10b).[101] Using in-situ TEM
observations,[89] He et al. reported the lithiation of NiO penetrates into the material
through a “finger-like” morphology. The lithiation “fingers” that propagate into the sample
are in the form of high-aspect-ratio lithia and Ni0 layers, and our non-equilibrium pathway
calculations feature precisely this type of morphology and hence help explain the
experimental observations. Here we propose that the development of the fingers is enabled
by the formation and growth of the non-equilibrium intermediate phases LixNiO (1.625 <
x < 2.0) featured with lithia and Ni metal layers. The experimental identification of the nonequilibrium intermediate phases is under investigation.[143]
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Figure 3.9 Structures of the two non-equilibrium phases on the convex hull and schematic
illustration of the “finger” lithiation mechanism of NiO.[89] The lithiation of NiO starts with
conversion-type features and Li ions go into the Td interstitial sites of the NiO structure. After 1.625
Li are inserted, Ni2+ ions have been partially reduced the Ni0 metal atoms. The system reaches the
first non-equilibrium phase characterized by alternative layers of distorted Ni and lithia shown in
Fig. 3.9b. Some of the Ni ions are still bonded with oxygen ions with the narrow distance between
them. When the 2 Li are inserted, all the Ni ions get redox by Li with lithia structures getting more
regular and Ni metal atoms forming single layers implying the phase separation between nanoscale
Ni metal and lithia (Fig. 3.9c). The non-equilibrium phases featured with alternative layers of lithia
and Ni can be used to explain the “finger” lithiation mode of NiO.
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Figure 3.10 (a) Averaged net charges on Ni in Li xNiO, (0 < x < 2) based on the Bader charge
analysis. The error bar corresponds to the distribution (maximum and minimum) of charges on the
Ni ion. (b) Interatomic distance during the lithiation process of NiO. The error bar corresponds to
the distribution (maximum and minimum) of interatomic distances. EXAFS data on Ni-Ni
interatomic distance is adapted from Ref. [[101]]. Typical interatomic bond lengths (adapted from
Ref. [[141,142]]) are also provided in the figure (right).

As described above in section 3.3.2 and 3.3.3, the final non-equilibrium phases after
full lithiation of Co3O4 and NiO are composed of nanoscale Co, Ni, and Li2O clusters, and
we assert that the reverse delithiation process will proceed at a potential closer to the
equilibrium voltage profile. Since the Co/Ni/Li2O clusters are very closely integrated into
the nanoscale with high interfacial area, they will still be at a higher energetic state
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compared with the bulk phase (where these clusters can exist on a much larger length scale
with lower interfacial energy). Once the electrode is fully delithiated back to the original
Co3O4 or NiO structure, the non-equilibrium lithiation process will start again. There is
voltage difference between the calculated equilibrium profile and experimental curve at the
beginning of the delithiation which disappear after the first plateaus when all Li2O get
decomposed as shown in Tab 3.1. It can be readily understood since the replacement of Li
from Li2O by TM generally requires much lower voltage compared to the Li extraction
from LixTMOy with or without concurrent TM oxidation. By determining the
lithiation/delithiation reaction paths, our theoretical study now provides an insight to the
large voltage hysteresis observed during the cycling of Co3O4 and NiO.[81,82,90] The
distinct reaction pathways between the lithiation and delithiation process induce the large
voltage hysteresis.
Specifically, during the lithiation of Co3O4, the oxygen fcc frameworks start to
collapse after four Li ions inserted (x ≥ 4), as displayed in Figures 3.7e. We hypothesize
that if only 3 lithium units are inserted into the Co3O4 electrode, the lithiation process may
proceed as an intercalation reaction with the oxygen backbone still preserved yet with Co
migration in the structure, which may offer an enhanced cyclability with a capacity of ~334
mAh g-1 and much more constrained volume expansion. It is also possible that the
following delithiation process may proceed with the intercalation-type reaction that may
prevent the voltage hysteresis and particle cracking.
There have been studies using the confinement of multiple nano-scale NiO layers
within an electrode to direct lithium transport and reactivity.[87,144] The layered features
of the non-equilibrium phases predicted in this work (Fig. 3.9b, c) during the lithiation of
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NiO rationalize the design of the multi-nano-layer electrode and also offer guidance on its
further improvement. With the advancement of the synthesis at the nanoscale, we assert
that enhanced reactivity and reversibility could be achieved when the single NiO layer
thickness approaches the counterpart of Ni/Li2O dual layers in our computed nonequilibrium phases (~10 Å). In this case, the corresponding (de)lithiation would therefore
require only Li, Ni and O ion migration within extremely limited length scales and only in
a layered morphology, showing the possible use of these nanoscale materials as a fast rate
electrode material.
3.4 Conclusion
We have combined first-principles calculations of equilibrium and non-equilibrium
structures derived from the original MOs (Co3O4, NiO) structures to explain the underlying
mechanisms of lithiation and delithiation of these conversion electrodes in Li-ion batteries.
A structure-based method was designed to search for non-equilibrium intermediate phases
by exploring geometrically distinct Li/vacancy configurations on possible insertion sites of
MO structures at different compositions (Li/vacancy ratios). For Co3O4 and NiO, the
overall value of equilibrium voltage profiles (~ 2.1 V and 1.74 V) reasonably agree with
the experimental delithiation voltages, however, they show large deviations from the
experimental lithiation counterparts (~ 1.1 V and 1.2 V) reflecting the large voltage
hysteresis during cycling. We focus on the voltage deviations caused by the nonequilibrium
lithiation process by searching for possible non-equilibrium phases that appear in the
lithiation reactions. For Co3O4, we have identified non-equilibrium phases where the first
three phases (x = 1, 2, and 3) preserve a nearly rigid oxygen fcc framework. Therefore, we

assert that Co3O4
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should have enhanced reversibility as an electrode when the

charge/discharge is limited to 3 moles of Li per formula unit or less. Even with this
restriction, this material could offer better cyclability at a reasonable capacity of ~334 mAh
g-1. For NiO, we have identified non-equilibrium phases (LixNiO, x = 1.625 and 2) both of
which are characterized by alternative layers of distorted Ni and lithia. The overall voltages
of

calculated

lithiation/delithiation

profiles

using

energetics

of

these

non-

equilibrium/equilibrium phases show good agreement with experimental voltages and
explain the large voltage hysteresis during Co3O4/NiO cycling. Our study provides new
insights on the lithiation process of transition metal oxides and could help future
experiments to overcome the current limitations of the conversion-type electrode materials
promoting the development of more advanced LIBs.
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CHAPTER 4
Revealing the Conversion Mechanism of Transition Metal Oxide (Sulfide)
Electrodes
4.1 Introduction
Based on what we have learned from these systems, we continue our research on
applying the Non-Equilibrium Phase Searching method as designed to other transition
metal oxides/sulfides in order to obtain a more general understanding of the detailed
mechanism for conversion materials during charging and discharging. Together with
experimental efforts, we attempt to reveal the conversion mechanisms of additional
transition metal oxides and sulfides such as (Cu,Co) 3O4, CuS, and MoS2. Our study could
help future experiments to overcome the current limitations of the conversion-type
electrode materials and promote the development of more advanced LIBs
4.2 (Co,Cu)3O4
4.2.1 Introduction
Unlike intercalation/de-intercalation reactions, conversion and alloying reactions
induce large volume changes during charge/discharge cycles that often lead to fracture and
loss of electrical contact, among other deleterious mechanical effects of volume
change.[145–148] The resulting loss of electrical contact to active electrode materials is
one of the main causes of capacity loss and reduced Coulombic efficiency. In addition,
most electrode materials for conversion and alloying reactions are semiconductors (and
even insulators) that possess relatively low electronic conductivity. Thus, improved
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electrical conductivity would also improve the prospects of conversion and alloying
reaction materials in Li-ion and related battery applications.
Metallic Cu is often used as the current collector at the anode in batteries due to its
high electrical conductivity. Metallic Cu can also be mechanically stretched or bent
significantly and repeatedly without fracture due to its high ductility and malleability. It
has been demonstrated that incorporation of a third element into metal oxides/fluorides can
greatly improve the cycling stability.[94] Combined with experimental proofs,[39] we
show here that by substituting a small amount of Cu into a Co3O4 lattice uniformly, the
resulting composite electrode material (Cu3/7Co18/7O4) can endure large volume change
caused by lithiation/delithiation cycles, thereby maintaining high capacity and cycling
stability.
4.2.2 Methodology
All the first-principle calculations were conducted via the Vienna Ab-initio
Simulation Package (VASP)[103–106] with the projector augmented wave (PAW)
potentials.[107] For the exchange-correlation functional, we used the generalized gradient
approximation (GGA) of Perdew-Becke-Ernzerhof (PBE)[108] with spin polarization
considered. We used two different sets of parameters: one for lower energy configuration
sampling and the other for accurate total energy determination of these lower energy
configurations determined. For the coarse energy sampling calculations, a plane-wave
basis set with a cutoff energy of 300 eV and Γ-centered k-meshes with the density of 2000
k-points per reciprocal atom were used. The accurate total energy calculations were
performed with a plane-wave basis set cutoff energy of 520 eV and Γ-centered k-meshes
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with the density of 8000 k-points per reciprocal atom. DFT + U method[109] was used to
treat the 3d electrons of Co and Cu ions with U values of 3.3 eV and 4.0 eV adopted
following previous studies.[112] To simulate the sodiation process of the MoS 2, we used
the Non-Equilibrium Phase Searching method as described in Section 3.2.3.
4.2.3 Results and discussion
We investigate the non-equilibrium lithiation process of Cu-substituted Co3O4 by
the prediction of non-equilibrium structures along the lithiation pathway based on
geometrical numerations. Four non-equilibrium phases (LixCu0.5Co2.5O4, x = 1.0, 2.5, 5.0,
8.0) are identified constituting the Li-Cu0.5Co2.5O4 convex hull (Figure 4.1a) during the
lithiation process of Cu-substituted Co3O4. Using a series of lithiation reactions with these
non-equilibrium phases considered, we offer the calculated non-equilibrium lithiation
voltage profiles (Figure 4.1b) which fit well to the experimental curves. To confirm the
sequential order of reduction, Bader charge analysis were conducted for Co and Cu ions in
metastable phases (Figure 4.3).[138,139]
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Figure 4.1. Search for the non-equilibrium intermediate phases through the Li- Cu-substituted
Co3O4 (taking Cu:Co ratio as 1:5) reactions. (a) Convex hull built with all the calculated nonequilibrium phases and (b) corresponding voltage profiles of the Li insertion into Cu-substituted
Co3O4. (c) Structures of the four non-equilibrium phases predicted along the lithiation of Cusubstituted Co3O4.

The lithiation of Cu-substituted Co3O4 initiates by Li taking the octahedral sites (x
= 1.0) neighbored by Cu ions as shown in Figure 4.1c and Co3+ ions partially get reduced
to Co2+ when Bader charge of Cu decreases from to +1.27e to +1.23e. With further
lithiation (x = 2.5 and 5.0), the amount of Li inserted exceeds what the octahedral can
accommodate and the Li ions energetically prefer the tetrahedral sites. Cu and Co ions
experience reduction Co3+  Co2+ Co0, Cu2+  Cu1+ with Cu ions get partially reduced
to their metal states. Meanwhile, the oxygen fcc framework only gets distorted slightly and
the lithiation shows features of intercalation-type with overall preserved oxygen backbones.
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Beyond the intercalation-type reaction range (x ≥ 5.0), both Cu and Co ions get partially
reduced to their metal states (Figure 4.1c) and extruded. The lithiation now switches to the
conversion-type reaction with features of phase separation. When the Cu-substituted Co3O4
is fully lithiated (x = 8), Cu and Co ions have been fully reduced to Cu/Co metal and Li
ions combine with O ions forming Li2O.

Figure 4.2. Comparison of experimental and DFT simulated voltage profiles for the first cycle of
lithiation and delithiation.

Figure 4.3. Averaged net charges on Cu and Co in Li xCu0.5Co2.5O4 (0 < x < 8).
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4.2.4 Conclusion
In conclusion, the substitution of a third metallic element (Cu) into binary oxides
(Co3O4) alters the fundamental processes of lithiation/delithiation. Together with
experimental proofs[39] we show that metal Cu intrinsically formed in the first lithiation
cycle remains partially stable as a metallic support on which Li2O+Co/CoO redox products
are anchored. The Cu-based network also provides a highly conductive pathway for
electrons and enables Li-ion transport. This “adaptive architecture” accommodates the
formation of Li2O in the discharge cycle, and underpins the catalytic activity of Li2O
decomposition in the charging cycle.
4.3 CuS
4.3.1 Introduction
Recent development of two-dimensional (2D) transition metal chalcogenides
provides new choices for battery electrodes since they have intercalation channels to
enhance the reaction cyclability and proceed via a conversion reaction to maintain their
high capacities. As a member of this family, copper sulfide (CuS) exhibits a similar 2D
layered structure as many others, in which the layers composed of Cu-S tetrahedrons are
separated by van der Waals S-S bonds, providing open channels to facilitate fast lithium
intercalation. This phenomenon has been observed in similar metal sulfides such as TiS 2,
MoS2, and SnS2.[149–154]
Previous studies have revealed that the full lithiation of CuS follows the equation
similar to a conversion reaction, to allow for 2 Li+ ions being stored for each CuS formula
unit:[155–163]

CuS + 2

Li+

+2

e–

→ Cu + Li2S
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(4.1)

Under conditions of thermodynamic equilibrium, this reaction would proceed through a
two-step process to produce Cu2S and Cu sequentially as revealed by X-ray diffraction:
[155–158]
CuS + Li+ + e– → 0.5 Cu2S + 0.5 Li2S

(4.2)

0.5 Cu2S + Li+ + e– → Cu + 0.5 Li2S

(4.3)

where Cu is reduced from 2+ to 1+ in the Eq. 4.2, when lithium ions break the interlayer
van der Waals S-S bonds but keep the overall anion framework intact; and further lead to
the extrusion of Cu metal and microscopic phase separation (so-called displacement
reaction)[156,157] in Eq. 4.3.

However, in practical cases where non-equilibrium

conditions such as local concentration and diffusion rate of lithium and electrochemical
overpotential are generally applied, there have been a diversity of proposed reaction paths,
such as disproportionation reaction and conversion reaction (nanoscopic phase separation
associated with dispersive metal nano-precipitation and complete destruction of host
structures).[155,156,159–163] Although recent development showed improved cycling
performance of CuS by nanostructuring, where kinetic effects tend to be more pronounced
due to the dramatic size reduction and usually play a key role in the determination of the
reaction paths, it is still unclear whether the lithiation of copper sulfide dictates a
displacement or conversion mechanism, the answer to which may provide implications for
a general group of metal sulfide materials as LIB electrodes. It is also noted that precise
identification of intermediate phases during phase transformation of CuS appears to be
difficult due to the existence of many non-stoichiometric copper sulfides, such as djurleite
(Cu1.96S), digenite (Cu1.8S), anilite (Cu1.75S) in addition to the most stable covellite (CuS)

63
and chalcocite (Cu2S) phases, especially when the samples were examined by post-mortem
X-ray or electron microscopy techniques at conditions far away from the operando
state.[155,156] First-principles calculations would offer an intriguing chance to accurately
reveal the detailed underlying mechanisms at the atomistic scale, which is often difficult to
obtain solely via conventional experiments.
Here, we use DFT to track the structural and chemical evolution and phase
transformations during lithiation in CuS. The proposed reaction mechanism can interpret
the overall electrochemical discharge profile that represents the collective behavior of the
entire nanocrystals. These findings uncover the reaction pathways of the Li/CuS system
and shed light on the mechanistic understanding of phase transformations in general metal
sulfides materials with fast lithiation channels induced by van der Waals interlayers.
4.3.2 Methodology
First-principles density functional theory (DFT) calculations were performed via
the Vienna Ab-initio Simulation Package (VASP) [103–106] with the projector augmented
wave (PAW) potentials. [107]

For the exchange-correlation functional, generalized

gradient approximation (GGA) of Perdew-Becke-Ernzerhof (PBE) [108] was used with
spin polarization and the vdW-D2 functional was adopted including a self-consistent van
der Waals (vdW) correction.[164] Two different sets of parameters were used with one for
lower energy configuration sampling, and the other for accurate total energy determination.
For coarse sampling calculations, we used kinetic energy cutoffs of 300 eV for the plane
wave basis set, and Γ-centered grids of approximately 4000 k-points per reciprocal atom.
The accurate calculations were conducted with a plane-wave basis set cutoff energy of 520
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eV, and Γ-centered k-meshes with the density of 8000 k-points per reciprocal atom were
used in related calculations. To search for the non-equilibrium phases through the Li-CuS
reaction, the Non-Equilibrium Phase Search method was applied as described in Section
3.2.3.
4.3.3 Results and discussion
We investigated the lithiation process of CuS using DFT calculations by exploring
both equilibrium and non-equilibrium reaction pathways using approaches as described in
Methods. To simulate the equilibrium path, the ternary Li-Cu-S phase diagram (0 K) was
constructed by calculating formation energies of all known compounds of the Li-Cu-S
chemical space with structures adopted from the Inorganic Crystal Structure Database
(ICSD).[120] The ground state Li-CuS reaction was found to go through two three-phase
regions (Figure 4.4). A two-step lithiation route is therefore suggested (CuS + Li → Cu2S
+ Li2S → Cu + Li2S) as observed in bulk CuS systems. The corresponding equilibrium
lithiation voltage profile was calculated which shows a similar trend with the experimental
discharge voltage curve of the bulk CuS materials (Figure 4.5). It is noteworthy that the
discharge curve measured from the nanoflakes exhibits large differences from the one
measured in bulk materials and voltage profile predicted by the equilibrium lithiation
(Figure 4.5), suggesting an alternative reaction path for the lithiation processes of the CuS
nanoflakes. As a result, we focused on the non-equilibrium lithiation pathways involving
intermediate structures as the source of the shape and magnitude variations from the
equilibrium voltages. We studied the non-equilibrium lithiation process of CuS by the
prediction of non-equilibrium structures along the discharge pathway based on geometrical
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enumeration and electrostatic energy screening. We were able to identify a series of nonequilibrium phases constituting a metastable Li-CuS convex hull as shown in Figure 4.6.
The calculated non-equilibrium voltage profile shows reasonable agreement with the
experimental discharge curve for the lithiation of CuS nanoflakes (Figure 4.5). We then
looked into the atomistic structural evolution during the non-equilibrium lithiation. As
displayed in the upper panel of Figure 4.7, during the non-equilibrium lithiation, Li ions
would first intercalate into the interlayer channels held by van der Waals bonds, and then
fill up the open tetrahedral sites on both sides of the interlayer spacing, forming Li 1.0CuS
with Cu2+ partially reduced to Cu1+ (Figure 4.). Afterward, further Li insertion (up to 6 per
unit cell) would take the remaining empty tetrahedral sites and gradually extrude the fully
reduced Cu0 atoms, resulting in a nominal composition of Li2.0CuS, followed by the phase
separation into Cu and Li2S. The final phase is characterized by alternative Cu and Li layers.
The evolution of atomic structure confirms the lithiation through the displacement
mechanism and matches with HRTEM observations at the pristine and final states.[42]
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Figure 4.4 Calculated Li-Cu-S ternary phase diagram (0 K) and the equilibrium lithiation reaction
path of Li-CuS. The equilibrium reaction path is presented by the red dotted line through two threephase regions (I, II).

Figure 4.5 Calculated equilibrium and non-equilibrium lithiation voltage profiles compared to the
experimentally observed counterparts. Equilibrium calculated/experimental curves are shown as
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red solid/dotted lines. Non-equilibrium calculated/experimental curves are shown as blue
solid/dotted lines.

Figure 4.6. (a) Sampled total energies of all the configurations. (b) Non-equilibrium Li-CuS convex
hull with four intermediate phases determined. (c) Predicted non-equilibrium reaction voltage
profile with the equilibrium voltage profile as the reference.

68
Figure 4.7 DFT calculated discharge voltage profile and atomic models corresponding to the
predicted intermediate phases during the non-equilibrium lithiation process in CuS nanocrystals.
The black dashed line indicates experimental discharge curve. Two HRTEM images show good
structural agreement for both pristine CuS (left) and final Li2CuS (right).

Figure 4.8 (a) Averaged net charges on Cu in Li xCuS (0 < x < 2) based on the Bader charge analysis.
(b) C-distance and volume evolution during the lithiation process of CuS. The error bar corresponds
to the distribution of charges on specific Cu ions.

4.3.4 Conclusion
In summary, we have investigated the phase transformations in the CuS/Li
electrochemical system. With DFT calculation, the atomistic mechanism of nonequilibrium lithiation in CuS has been uncovered, which is suggested to be responsible for
the flattened voltage profile in the first discharge under realistic kinetic circumstances. Our
findings obtained from CuS nanoflakes shed light on the mechanistic understanding of
nanoscale lithiation in other 2D transition metal chalcogenide systems.
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4.4 MoS2
4.4.1 Introduction
To meet the demand of inexpensive and environmentally friendly energy storage
technologies, sodium-ion battery is promising especially for large-scale energy storage
integrated with renewable energy sources such as solar and wind. Due to the scarcity of
lithium, there are clear and compelling economic and practical drivers to explore
alternative to lithium ions in charge storage devices. Transition-metal dichalcogenide
materials such as molybdenum disulfide (MoS 2) have layered structure in which each layer
has a slab of transition metal atoms sandwiched by two slabs of chalcogenide atoms. They
are potentially promising electrodes materials for alkali-ions rechargeable battery, such as
Li+,[165,166] Na+,[167] Mg2+,[168] and even K+.[169] Covalent bonds are formed between
Mo and S within each layer and the Mo-S polyhedron can be described as a trigonal prism
where Mo4+ is in the center of the prism. In the structure, there is enough space between
the MoS2 layers interconnected with weak van der Waals force to host alkali metal ions
during charge. MoS2 allows alkali ions to intercalate therein without a significant volume
expansion, which enables MoS2 to be a promising electrode material for high capacity
rechargeable batteries. However, the number of the alkali cations can be hosted in the SMo-S layer is limited while the structural framework remains stable. It has been shown that
up to 1.5 cations can be stored per formula unit of MoS2 before the layered structure
collapses.[41] Meanwhile, structure transition between trigonal 2H- and octahedral 1TAMoS2 (A = Li, Na, K, et. al.) accompanied by an electronic state change from
semiconducting

to

metallic

have

been

observed

upon

alkali-metal

ion’s
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intercalation.[41,167] The phase transformation from 2H to 1T can be achieved by a
transversal gliding of one S plane[170]. In sodium intercalation, several Na-intercalated
phases, such as 2H-MoS2 (a=0.316 nm and c=1.229 nm), 2H-Na0.5MoS2 (P1; a=0.321 nm
and c=1.506 nm), 1T-Na0.5MoS2 (P2; a= 0.306 nm and c=1.397 nm), 1T-NaMoS2 (P3;
a=0.311 nm and c=1.429 nm) and NaxS (P4; a=0.343 nm and c=1.397 nm), have been
identified by ex-situ X-ray and electron microscopy.
There could be both thermodynamically stable and metastable processes involved
in the phase transformations of the electrode materials in the charge and discharge cycles.
Here, we applied DFT to study the dynamically structural evolutions of sodiumintercalated MoS2 crystals during sodiation.
4.4.2 Methodology
The first principle density functional theory (DFT) calculations were conducted
through the Vienna Ab-initio Simulation Package (VASP).[103–106] With the projector
augmented wave (PAW) potentials,[107] generalized gradient approximation (GGA) of
Perdew-Becke-Ernzerhof (PBE)[108] was used for exchange-correlation function under
considering spin polarization. The vdW-D2 functional was adopted to treat exchange and
correlation including a self-consistent van der Waals (vdW) correction.[164] We use two
different sets of parameters, one for lower energy configuration sampling, and another for
accurate total energy determination of the low energy structures that are determined from
the sampling. For coarse sampling calculations, we use kinetic energy cutoffs of 300 eV
for the plane wave basis set, and Γ-centered grids of approximately 4000 k-points per
reciprocal atom. The accurate calculations are performed with a plane-wave basis set cutoff
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energy of 520 eV, and Γ-centered k-meshes with the density of 8000 k-points per reciprocal
atom were used in related calculations. To simulate the sodiation process of the MoS 2, we
used the Non-Equilibrium Phase Searching method as described in Section 3.2.3.

Figure 4.9 Intercalation geometries in 2H/1T MoS2 structures for Na ions. Tetrahedral (black) and
octahedral (grey) empty sites in (A) 2H and (B) 1T structures of MoS 2. The 2H and 1T structures
with all equivalent tetrahedral and octahedral sites marked are shown in figure (C) and (D).

4.4.3 Results and discussion
MoS2 is a 4d transition metal dichalcogenide which exists in three different
polytypes of 2H, 3R and 1T with different structures while the 2H and 1T polymorphs
involved in the electrochemical sodiation. In 2H-MoS2, each Mo occupies a trigonal
prismatic coordination sphere that is bound to six sulfide ligands. The trigonal prisms are

72
interconnected to give a layered structure. The 2H structure has two intercalation sites: the
octahedral (O h) site above the hexagon center where six Na-S bonds can form; and the
tetrahedral (Td) site above a Mo atom where four Na-S bonds can form (Fig. 4.9).
Contrarily, the Mo atoms locate in octahedral coordination spheres in 1T-MoS2, which are
also bound to six sulfide ligands. A different layered structure is built by octahedron
interconnection. The 1T structure also has two intercalation sites: the octahedral (O h) site
above a S atom where six Na-S bonds can form; and the tetrahedral (Td) site above a Mo
atom where four Na-S bonds can form (Fig. 4.9).

Figure 4.10 Convex hull generated with all calculated intermediate phases. A cross point between
the trends of 1T and 2H around x = 0.375 can be determined indicating the energetic preference of
the 1T configuration over the 2H counterpart after 0.375 Na per MoS2 inserted.

During the sodiation process of MoS2, we were able to identify five intermediate
phases (NaxMoS2, x = 0.625, 0.75, 1.0, 1.75, and 3) that are shown in Fig. 4.12. The convex
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hull built on these stable phases is shown in Fig. 4.10, along with the corresponding voltage
profile in Fig. 4.12. Start from the original 2H structure (Fig. 4.12A, x = 0), the sodiation
initiates by taking the unoccupied O h sites and proceeds through a phase transition from
2H to 1T structure (Fig. 4.12B, x = 0.625) by S shifting.

Figure 4.11 Comparison of calculated and experimental spacing of the lattice plane (-2 0 3)_2H,
(-2 0 2)_1T, (0 -2 3)_2H, (0 -2 2)_1T, (2 -2 0)_2H and (2 -2 0)_1T, and angles between the (2 -2
0) and (2 0 -2) for all the intermediate phases during the sodiation of the MoS2 nano particle.

Further sodiation occurs via two intermediate phases (Fig. 4.12C, x = 0.75), (Fig.
4.12D, x = 1.0) through Na ion ordering with intact Mo and S backbones. The NaMoS 2
phase reproduces the structure of the known LiMoS2 with all the O h sites now being
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filled.[171,172] Na ions have to take the Td sites in subsequent sodiation. The Mo-S layers
start to collapse when more than 1.5 Na ions inserted (Fig. 4.12E, x = 1.75) with the
congregating between S and Na atoms. Na ion intercalation stops after that and the
sodiation reaction switches to the conversion style with the final phase (Fig. 4.12F, x = 3.0)
featured with separated Na2S and isolated Mo atoms. To get a better energetic
understanding of the 2H → 1T phase transition occurring around the range (0 < x < 0.625),
the convex hull between the first two phases was examined in detail. A cross point between
the trends of 1T and 2H around x = 0.375 can be determined indicating the energetic
preference of the 1T configuration over the 2H counterpart after 0.375 Na per MoS 2
inserted. Na ions occupy O h sites randomly during the onset of the sodiation (x = 0.125,
2H, x = 0. 25, 2H). The unbalanced sodiation between Mo-S layers enables the S shifting
and triggers the 2H → 1T phase transition around x = 0.375. The following intermediate
metastable phases (x = 0.375, 1T, x = 0.5, 1T) show ordered Na occupation. Using a series
of sodiation reactions considering the intermediate phases, we provide a calculated
sodiation voltage profile that is in great agreement with the experiment (Fig. 4.12G). The
calculated spacing of the lattice plane (-2 0 3)_2H, (-2 0 2)_1T, (0 -2 3)_2H, (0 -2 2)_1T,
(2 -2 0)_2H and (2 -2 0)_1T, and angles of two selected lattice planes for all the
intermediate phases show consistency with the experimentally observed values (as shown
in Fig. 4.11).
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Figure 4.12 Electrochemical sodiation process of MoS2. Start from the original 2H MoS2 structure
(A, x = 0), the sodiation proceeds through a phase transition from 2H to 1T structure (B, x = 0.625)
by S ion shifting and reordering. Further sodiation occurs via two intermediate phases (C, x = 0.75),
(D, x = 1.0) by Na ion ordering with intact Mo and S backbones. The Mo-S layers start to collapse
when more than 1.5 Na ions inserted (E, x = 1.75). Na ion intercalation stops after that and the
sodiation reaction switches to the conversion style with the final phase (x = 3.0, F) featured with
Na2S and isolated Mo atoms. (G) Simulated voltage profile of MoS2 through the intermediate
phases, compared to experimental voltage profile.
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4.4.4 Conclusion
In summary, several stable/metastable phases have been identified in the early stage
of sodiation in nanostructured MoS2 crystals. The MoS2 crystal can host up to 1.75 Na per
unit formula before the layered structure collapses. Phase transformation from 2H- to 1T
MoS2 is identified to happen when Na content is 0.375, along with Na-ions ordering in the
structure. This study provides the insights to understand the sodiation kinetics in a typical
layered transition-metal dichalcogenide structure, which is helpful to design advanced type
sodium ion batteries in the future.
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CHAPTER 5
Exploring the Simultaneous Anionic and Cationic Redox Reactivity in the Lirich Li5FeO4 Based High-Energy-Density Cathode Materials
5.1 Introduction
Conventional cathode materials employed in lithium-ion batteries (LIBs) are
generally lithiated transition metal (TM) oxide compounds. These materials store and
release electrical energy when Li ions are extracted and inserted with charge compensated
by redox reactions of the TM cations, respectively.[2] The specific capacity (mAh/g) of
these cathodes, therefore, is limited by the number of electrons per TM cation that can
participate in the redox reactions and the relatively high atomic weight of the transition
metal oxide host. Recently, the exclusive dependence on the transition metal cations as the
redox center in the cathode has been challenged by the discovery of oxygen redox reactivity
in cathode materials of Li-excess layered oxide cathode.[10–12,14–16,47] The opportunity
has thus arisen to boost the capacity and energy density of lithium-ion batteries if the
anionic and cationic redox activity can be enabled at the same potential.[45,173] However,
it is challenging to develop anionic-redox-based cathodes with acceptable cycle
performance. The key issue is the irreversible O 2 gas release due to the instability of
oxygenates (i.e. O- or On2-) generated in the solid state. Several studies have demonstrated
stabilized oxygenate species in cathode materials using expensive 4d or 5d TM-metal ions
such as Ir and Ru.[10,11,16,45] Nevertheless, cheap 3d TM-metal oxides are desirable to
achieve highly reversible oxygen redox in practical applications, which requires
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understanding of the mechanisms underpinning the anionic redox chemistry in this
category of materials.
In principle, Li2O with the anti-fluorite structure maximally exploits the anionic
redox, as it only uses oxygen ions to provide the charge-compensating electrons in the
lithiation/delithiation: Li2O↔0.5Li2O2 + Li+ + e-.[174] The direct Li2O/Li2O2 conversion
requires a catalyst to promote the electrochemical reaction because of the low
electrochemical activity and poor electronic conductivity of lithium oxides. The release of
O2 is often associated with this reaction due to the metastability of the delithiated Li2O.[175]
Prior studies show that the potential of the oxygen redox reaction of Li2O/Li2O2/LiO2 is as
low as ~3.0 V vs. Li+/Li.[176,177] This value is comparable to the potential of several 3d
TM redox reactions, offering the possibility of simultaneous cationic and anionic redox in
TM-substituted anti-fluorite compounds. Indeed, it has been shown that the ionic and
electronic conductivity, and thus electrochemical activity, are enhanced upon substituting
some of the Li ions with TM in Li-rich, defect anti-fluorite compounds such as Li5FeO4,
Li6CoO4, and Li6MnO4.[178–181] The anti-fluorite structure offers high potential capacity
due to the rich Li ion content (over 5 per transition metal ion). For instance, Li5FeO4 (LFO)
delivers a theoretical capacity over 700 mAh/g when charging to 4.7V vs. Li+/Li,
amounting to an electrochemical extraction of about 4 Li+ ions per Fe3+ ion.[180,182,183]
Since it is unrealistic to expect that four electrons can be removed from a single Fe3+ ion,
anionic (O2-) oxidation has been suggested but without quantitative analysis or clear
confirmation.[46,182,183] Despite previous studies of the electrochemical properties of
LFO, little is known about the nature of the oxygen redox including the electrochemical
potential, the reversibility, and the interplay of Fe and O redox.
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Herein, we report the realization of simultaneous anionic and cationic redox in antifluorite structures, exemplified by Li5FeO4, at the same potential. Highly reversible anionic
redox reactivity with no obvious oxygen release is enabled in this earth-abundant iron oxide
under controlled voltage range. We obtained a clear and quantitative picture of the
structural and composition evolution of the LFO by ex-situ and in-situ XRD, Raman,
pressure measurement, DEMS and XAENS, and first-principle calculations. Simultaneous
oxidation of Fe3+ to Fe4+ and O2- to O- is observed at approximately 3.5 V vs. Li+/Li during
the extraction of the first two Li ions from LFO. After the initial extraction of two Li ions,
the iron and oxygen redox couples are highly reversible within the solid state in subsequent
cycles between 1.0 and 3.8 V vs. Li+/Li. A Li-excess Li6-O configuration, identified by
DFT calculations plays a key role in enabling the reversible O -/O2- redox behavior. Our
findings enrich the oxygen redox mechanism and help designing low cost 3d transition
metal oxide based high energy density cathode materials.
5.2 Methodology
In this dissertation, we will focus on the methodology of the computational study
and all the experimental synthesis, characterization, and electrochemical test procedures
are exhibited in ref. [48]. All first-principles DFT calculations reported in this study were
conducted using the Vienna Ab-initio Simulation Package (VASP)[103–106] with the
projector augmented wave (PAW) potentials[107] and the Perdew-Becke-Ernzerhof
(PBE)[108] exchange-correlation. A plane wave basis with a cutoff energy of 520 eV and

𝚪-centered k-meshes with a density of 8000 k-points per reciprocal atom were used for all
calculations. All calculations were spin-polarized, with Fe atoms initialized in a high-spin
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ferromagnetic configuration and relaxed to self-consistency. The DFT + U method
introduced by Dudarev et al..[109] was used to treat the localized 3d electrons of Fe with
a U of 4.0, obtained by fitting it to experimental and calculated formation enthalpies in a
previous study.[112]

Figure 5.1 The disordered structure of the (a) Li4FeO3.5, (b) Li3FeO3.5, and (b) Li2FeO3 generated
by the SQS method.

Since the delithiated phases of Li4FeO3.5, Li3FeO3.5 and Li2FeO3 adopt disordered
cubic structures, the corresponding computational unit cells were built (Fig. 5.1) using the
special quasi-random structure (SQS) method. Started with the cubic rock-salt cell,
supercells containing 30 cation sites/30 anion sites, 56 cation sites/56 anion sites and 27
cation sites/27 anion sites were created for Li4FeO3.5, Li3FeO3.5 and Li2FeO3. We populated
the cation sites randomly with Fe and Li in ratios of 4:1, 3:1 and 2:1 for Li4FeO3.5, Li3FeO3.5
and Li2FeO3. Vacancies were introduced to the anion sites of the Li4FeO3.5 and Li3FeO3.5
structures randomly in ratios of 3:7 and 1:7 with respect to O while all the anion sites of
Li2FeO3 were occupied by O. All SQSs were generated based on a Monte Carlo algorithm
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implemented in ATAT[131,132,184] with the constraint that the pair and triplet correlation
functions of the SQS are identical to those of the statistically random Li/Fe population of
cation sites and O/Vacancy population of anion sites at least up to the third nearest neighbor.
According to the XRD observations mentioned in the main text, the LiFeO2 phase shows
features of amorphorization. A corresponding amorphous computational cell containing
100 atoms was constructed (Fig. 5.2) by applying ab initio molecular dynamics to a liquid
like state at 2900 K and followed by a rapid temperature quench and energy
minimization.[185] The liquid state configurations were equilibrated over two picoseconds
under an NVT ensemble. The quench was enabled through a molecular dynamics
simulation starting at the equilibration temperature and dropping down to 300 K at the rate
of 1 K/fs, followed by conjugate-gradient relaxation of atomic coordinates and cell
parameters, stopping when average forces fall below 10−2 eV/Å.

Figure 5.2 Calculated structure of LiFeO2 (a) Generated amorphous structure of LiFeO2. (b)
Radial distribution function of amorphous LiFeO2.
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5.3 Results and discussion
5.3.1 Phase conversion of LFO during electrochemical cycling
The crystal structure of Li5FeO4 can be viewed as substituting 24 Li+ ions with 8
Fe3+ ion and 16 cation vacancies in a 2×2×2 Li2O cell (Fig. 5.3a). The charge-discharge
behavior of LFO between 4.7 and 1.0 V is plotted in Fig. 5.3b. The initial charging curve
exhibits two plateaus at about 3.5 V and 3.9 V, denoted stage I and stage II respectively.
This charging curve is consistent with previous literature,[182,186,187] but the subsequent
discharging and cycling curves have been rarely discussed before. In the first discharge to
a potential as low as 1.0 V, two tilted plateaus at about 2.2 V and 1.5 V can be observed
corresponding to the “insertion” of 1 Li ion at each plateau. The first charge to 4.7 V is
electrochemically irreversible under the operating conditions employed here. In the
following cycles, neither of the plateaus at 3.5 V and 4.0 V is recovered; instead, the
charging and discharging curves show a plateau at about 2.5 V, and the capacity fades
rapidly in the first 5 cycles.
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Figure 5.3 Phase conversion of LFO during electrochemical cycling. a, Structure of a 2×2×2 Li2O
supercell and a Li5FeO4 unit cell both in the [100] view. b, The charge–discharge behavior of LFO
in the first six cycles between 4.7 V and 1 V (first cycle as a red line and the following five cycles
in blue). c, d, The ex-situ Raman spectra obtained with a 633 nm laser (c) and ex-situ high-energy
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XRD patterns (d) collected at different states of charge and discharge corresponding to the points
in a (labelled as points i–viii). The pristine LFO powder and the cathode collected at points i and ii
show typical features of the anti-fluorite Li5FeO4, with the prominent band at about 660 cm−1 and
multiple bands at lower frequency according to ref. [188]. e, 2D contour of in-situ XRD patterns
collected in the first charge, illustrating the continuous evolution of XRD patterns from i to viii in
d. The vertical dashed lines in d and e label the diffraction peaks indexed to the (200), (220) and
(222) planes of the disordered rocksalt phase (DRP).

LFO electrodes at different states of charge in the first cycle (as labelled from i to
viii in Fig. 5.3b) were harvested for ex-situ Raman and X-ray diffraction (XRD) analyses
to determine the crystal phase conversion correlated with the plateaus, as shown in Figs.
5.3c and 5.3d, respectively. Both the ex-situ Raman and XRD profiles show that the initial
LFO with an orthorhombic structure (space group of Pbca) converted completely to a
disordered rocksalt phase at the 3.5 V plateau with the removal of 2 Li ions (from point i
to iv in Fig. 5.3b). [188] The two-phase coexistence can be observed in the middle of the
plateau (point iii in Fig. 5.3b) as shown by the XRD pattern (Fig. 5.3d). Continuous phase
conversion in the first charge is demonstrated in the 2D contour of the in-situ XRD patterns
(Fig. 5.3e). Gradual fading of the original anti-fluorite phase and growth of the disordered
rocksalt phase can be observed when 0 < x < 2.
Charging of LFO beyond two Li ions on the 4.0 V plateau has been reported
previously,[182] but the mechanistic details of the reaction were not elucidated. Here, both
the ex-situ and in-situ XRD patterns show that the disordered rocksalt phase remains as the
dominant phase on the 4.0 V plateau. The peaks of the DRP grow stronger at the beginning
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of the 4.0 V plateau (2 < x < 2.5), then start to get broader and weaker when x > 2.5, and
eventually become flattened at the end of charging. The XRD patterns of the DRP appear
again in the first discharge, but the anti-fluorite phase cannot be recovered, confirming that
deep delithiation of LFO is irreversible.
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Figure 5.4 Morphology and structure change of Li5FeO4 during first charge. Low-resolution TEM
image (a, d), high-resolution TEM image (b, e), and SAED pattern (c, f) of pristine Li 5FeO4 (a, b,
and c) and the sample charged to 3.8 V for the removal of 2 Li ions (d, e, and f). It can be observed
clearly that the micrometer size LFO particles break into nanoparticles due to the delithiation. The
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SAED pattern of the delithiated LFO is indexed by the typical cubic phase structure, with diffuse
rings generated by the nanoparticles.

High-resolution images from transmission electron microscopy (TEM) helped
explain the evolution of the XRD patterns, as shown in Fig. 5.4. The pristine LFO consists
of well-crystallized particles of about 1 μm size, with the selected-area electron diffraction
(SAED) pattern showing a typical single-crystal character (Fig. 5.4a-c). In contrast, after
the removal of 2 Li ions, the single crystal of LFO breaks into nanoparticles about 10 nm
in size with the overall shape maintained (Fig. 5.4d and e). The SAED pattern indicates a
polycrystalline property of the particle, and the diffraction rings are well correlated with
the XRD patterns.
The fracture of the active particles greatly increases the interface area between the
cathode and electrolyte, which should lead to the impedance falling of the LFO cathode in
the first plateau. This trend is observed in the in-situ electrochemical impedance spectra in
Fig. 5.5. Other possible reasons for this impedance falling include the enhanced charge
conductivity due to the initial delithiation and the electronic structure change of iron and
oxygen ions. The impedance of cathode reaches the lowest level at the end of the first
plateau and then increases gradually with further delithiation at the second plateau. Further
understanding of the electrochemistry in the delithiation is required to understand this Vshape evolution of impedance, which will be discussed in detail in the section after the next
one.
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Figure 5.5 In situ electrochemical impedance spectra of Li5FeO4 during the first charge. a–c, The
EIS plots collected during charging stage I (a) and stage II (b) as denoted in the voltage profile of
the first charge of LFO to 4.7 V (c). The color of the lines and spheres represents the number of Li
ions removed from the cathode, as demonstrated by the color scale bar on the right. The arrows in
a and b show that the impedance of LFO decreases at the 3.5 V plateau but increases at the 4.0 V
plateau. The EIS measurements were performed using a three-electrode cell with LFO as the
working electrode, a Li wire as the reference electrode and a Li metal foil as the counter electrode.
In this way, the impedance contribution of the Li metal anode can be eliminated.

5.3.2 Cationic and anionic oxidation during the first charge
Figure 5.6a shows the in-situ Fe K-edge X-ray absorption near edge spectra
(XANES) of LFO during the first charge to 4.7 V. In Stage I (charge to 3.5 eV), the edge
position of the main peak A1, which is related to the oxidation state of Fe, shifted to higher

’)

energy (A1 due to the oxidation of

Fe3+

to

Fe(3+δ)+
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(δ≈0.5) with extraction of the first two

Li+ ions. This is an indirect indication that some other type of redox reaction is active, for
δ should be 2 if the Li removal is fully charge-compensated by the Fe ion. The shoulder
peak B and the strong pre-edge peak C are signatures of FeO4 tetrahedral
coordination.[182,187] The pre-edge is partly caused by a quadrupole-allowed Fe 1s to 3d
transition, which is also evident in the octahedral coordination, just not as strongly as in
the tetrahedral coordination. The decrease of the intensity of peaks B and C, as well as the
gradual change of the three main peaks (A1, A2, and A3 to A1’ and A2’), originated from the
conversion of the FeO4 tetrahedron in the pristine LFO to the FeO 6 octahedron in the
DRP.[187] The disappearance of the FeO4 tetrahedron is also evident in the Raman spectra
(Fig. 5.3c). In contrast, during Stages II, the edge position of peak A shifted to lower energy,
indicating that Fe was reduced during further removal of Li+ without coordination change.
Again, the reduction of Fe during charge indicates that some other species is being oxidized
(i.e., O ions).
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Figure 5.6 Evolution of iron and oxygen in the first charge. In-situ Fe K-edge XANES (a) and
EXAFS (b) spectra of LFO during the first charge to 4.7 V, corresponding to the stages denoted on
the charging curve in c. The decrease of the shoulder peak B and the pre-edge peak C, as well as
the gradual change of the three main peaks (A1, A2, and A3 to A1’ and A2’), originated from the
conversion of the FeO4 tetrahedron in the pristine LFO to the FeO 6 octahedron in the DRP. The
arrows in a show the shift of the main edge in the two stages, while the arrows in b show the
decrease of Fe-O peak and the increase of Fe-Fe peak during the charging stage I. FeO, Fe3O4,
Fe2O3 and SrFeO3 were used as standards. d, Experimental collected and simulated ex-situ O K-
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edge EELS of Li5-xFeO4 when x = 0 and 2 in the first charge. The simulations were performed using
the crystal structure obtained using the experimental results, which involves both the structural
evolution and O redox. e, In-situ pressure measurement (upper panel, gauge pressure value of the
battery in blue line and the corresponding changing voltage profile in red line), and quantitative
DEMS data (lower panel) of O2 and CO2 released in the LFO/Li cell in the first charge to 4.7 V.
N(1/e) means the number of gas molecules generated by each electron. The lines show the
smoothed curves.

The Fe K-edge extended X-ray absorption fine structure (EXAFS) was measured
to investigate bond distances and the local structure surrounding the Fe atoms. Figure 5.6b
shows the Fourier transform (FT) of the k2-weighted EXAFS. The peak at ~1.5 Å
corresponds to the Fe-O bond. The Fe-O bond in pristine LFO is longer than that in the
FeO6 unit in Fe2O3, which demonstrates tetrahedral coordination of Fe in LFO. The Fe-O
bond is gradually shortened at the end of Stage I, i.e., approaching the Fe-O bond length of
the FeO6 units in Fe2O3. The Fe-O bond distance did not change in an obvious manner
during Stage II.
When comparing the number of Li ions extracted versus the valence change of Fe
during the two plateaus, we inferred that about (2-δ) electrons per formula unit (or per Fe)
are required from O atoms in the 3.5 V plateau, and another (2+δ) electrons are required in
the 4.0 V plateau. Therefore, the average valances of the four oxygen ions are expected to
change from -2 to -(1.5+0.25δ) and then to -1. The evolution of oxygen valence in the solid
cathode was traced by ex-situ O K-edge electron energy loss spectroscopy (EELS) of
pristine LFO and LFO charged to 3.8 V (Fig. 5.6d). Three peaks near 528.4 eV, 533.6 eV,
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and 539.4 eV are observed in the O K-edge spectrum of pristine LFO, whereas the spectrum
for LFO after charging across the 3.5 V plateau exhibits only two board peaks at 528.4 eV
and 538.2 eV. The drastic change in the EELS spectra shows the response of oxygen
electronic structure to Li electrochemical extraction, which may possibly be linked to a
change in the oxygen bonding environment or oxygen redox. The experimentally observed
O K-edge EELS spectra of pristine and delithiated LFO were confirmed by O core-level
spectrum simulation.
Figure 5.6e shows the in-situ pressure measurement and quantitative differential
electrochemical mass spectrometry (DEMS) data of the LFO/Li cell in the first charge to
4.7 V. The pressure increase shows that minor gas release is observed during the charge
plateau at 3.5 V. Subsequently, a large amount of gas is released during the 4.0 V plateau.
The calculation from DEMS data shows that about 0.1 O 2 gas molecules are released per
electron on the first plateau. This number increases rapidly to about 0.3 O 2/e- when the
potential rises to 4.0V.
5.3.3 Simultaneous cationic and anionic redox
The composition of the product generated at the 3.5 V plateau was assumed to be
LiαFe(4-α)+O2 by Okumura et al.,[187] but the (111)/(200) peak intensity ratio for this
composition should be much higher than that in their observed XRD profiles. They
attributed the mismatch of I(111) to lattice distortion. This so-called “mismatch” is also
observed here and, indeed, can be eliminated by reducing the Fe/O ratio in the disorder
rocksalt phase in the XRD Rietveld refinements. The fined occupancies yield a
stoichiometry of Li3FeO3.5 for the DRP after the removal of two Li ions.
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Figure 5.7 Simulated core-level spectrum and ground-state density of states (DOS) for (a) Li5FeO4
and (b) Li3FeO3.5. Upper panels show the simulated O K-edge spectra, and lower panels show the
GGA-PBE DOS for O p states (black line) and Fe d states (red line). Zero energies in the lower and
upper panels correspond to the Fermi level and conduction band minimum (CBM), respectively.
The first peaks in the simulated spectra are below zero due to the excitonic effects. Blue dashed
lines indicate the coincidence of the peaks.

The O K-edge spectra for both Li5FeO4 and Li3FeO3.5 are simulated based on the
DFT predicted structures (Fig. 5.1), using the OCEAN code implementing the BetheSalpeter equation approach.[189,190] The simulated spectra are in excellent agreement
with the EELS spectra (Fig. 5.6d). In order to determine the electronic origin of each peak,
we also compared the simulated spectra with the projected ground-state density of states
(DOS) of Li5FeO4 and Li3FeO3.5, as shown in Fig. 5.7. The three peaks in the Li5FeO4
spectrum are attributed to electronic transitions from the O 1s core level to the unoccupied
Fe 3d states (of Fe3+ in tetrahedral sites) mixed with O 2p, and to delocalized O p states
that are mixed with Fe states at higher energies. Similarly, the two peaks in the Li 3FeO3.5

spectrum can tentatively be assigned to the empty 3d states of

Fe3+

and

Fe4+
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that hybridize

with O 2p, and also to O p mixed with Fe-d hybridization in the extended region. The
fidelity of the Li3FeO3.5 structure model obtained from DFT calculation is thus corroborated
by the close resemblance between the experimental and simulated O core-level spectra.
Therefore, the removal of the four Li ions can be expressed as following:
Li5 FeO4 → 2 Li+ + 2e- + 0.25O2 (gas) + Li3 FeO3.5

(5.5)

Li3 FeO3.5 → 2 Li + 2e- + 0.75O2 (gas) + LiFeO2

(5.6)

The number of O2 molecules released per electron is 0.125 and 0.375 at 3.5V [equation
(5.5)] and 4V [equation (5.6)] respectively, which is close to the DEMS results mentioned
above. Based on the EELS and XANES results mentioned above, Li 3FeO3.5 can be
expressed as Li3(Fe3+0.5Fe4+0.5)(O2-3O-0.5), which is also consistent with charge states
deduced from DFT (see below and Fig. 5.8). According to this electrochemistry, the lowest
impedance of the cathode at around x=2 (Fig. 5.5) is originated from the high
electrochemical activity of the Fe4+ and O- in the Li3FeO3.5. In total, the removal of the
first 2 Li+ ions is charge-compensated by 1e- from the formation of oxygen vacancies (0.5
O2- to 0.25 O2), 0.5 e- from oxygen redox in the solid state (0.5 O 2- to 0.5 O-), and 0.5 efrom Fe redox (0.5 Fe3+ to 0.5 Fe4+). Subsequently, 0.75 O2 gas per formula unit is released
from 0.5 O- plus one O2-, providing 2 e- for the removal of another 2 Li ions and 0.5 e - for
the reduction of 0.5 Fe4+ back to 0.5 Fe3+.
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Figure 5.8 The magnetizations of (a) Fe ions and (b) oxygen ions in Li5FeO4, Li4FeO3.5, Li3FeO3.5,
Li2FeO3 and LiFeO2. The electronic configurations of Fe3+, Fe4+, Fe5+, O1- and O2- are presented.

When comparing our results for LFO with those of layered oxides reported
previously, we find that the potential for oxygen redox (~3.5 V vs. Li+/Li) and O2 release
(4.0 V vs. Li+/Li) in the LFO cathode is lower than that in the layered oxides (4.2 V and 5
V vs. Li+/Li, respectively, for Li4FeSbO6).[12] One possible reason for the more facile
oxygen redox is the difference in bonding or coordinate environment of the oxygen ions
relative to the cation (Li/Fe) disordered sub-lattice in the DRP. Unlike conventional cubic
cathode materials, which are well ordered and have only a single local environment for
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oxygen ions, a variety of local oxygen environments exist in cation disordered rocksalt
phases. Through systematically calculating and examining the DOS and charge/spin
density around oxygen ions in various local environments using DFT, we demonstrate that
the local configuration sensitively affects oxygen redox activity in LFO (Fig. 5.9).
The oxidation states of Fe and oxygen ions in the original Li5FeO4 and following
delithiated phases (Li5-xFeO4-y): Li3FeO3.5, Li2FeO 3 and LiFeO2 were determined by
comparing calculated magnetizations of Fe and oxygen ions with the number of unpaired
electrons of the corresponding ions at each oxidation states. The numbers of unpaired
electrons for Fe3+ (tetrahedrally coordinated), Fe4+ (octahedrally coordinated), and Fe5+
(octahedrally coordinated) are 5, 4, and 3 as shown in Fig. 5.8. In the original Li5FeO4
phase, the magnetizations are around 4.1 for all Fe ions implying an overall 3+ oxidation
state. After 2 Li and a slight amount of O being extracted (x = 2, y = 0.5), seven Fe ions
show magnetizations around 3.5 while the other seven remain around 4.1, indicating that
half of the Fe ions have been oxidized to 4+. After 3 Li and 1 O per formula unit being
extracted (x = 3, y = 1), the Fe magnetization distribution stays almost the same with the
Li3FeO3.5 phase while four Fe ions show magnetizations around 4.1 corresponding to the
oxidation state of 3+ and five Fe ions show magnetizations around 3.5 corresponding to
the oxidation state of 4+. In the final phase (x = 4, y = 2), most Fe ions (22 of 25) show
magnetizations around 4.1 corresponding to oxidation state of 3+ indicating the reducing
of most Fe4+ by additional O removing. Three Fe ions show smaller magnetizations around
3.5 and 3 corresponding to oxidation states of +4 and +5, which are expected considering
the complex local environments for specific Fe ions in the amorphous structure.
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The magnetizations of oxygen ions in the original Li5FeO4 are close to 0
corresponding to an overall valence state of 2- for oxygen ions. After 2 Li and 0.5 O per
formula unit being extracted (x = 2, y = 0.5), several oxygen ions (7 of 49) show increased
magnetizations around 0.5 (Fig. 5.8b) indication the partially oxidation of O2- to O1-. With
further Li and O removal (x = 3, y = 1), similar portion of oxygen ions (4 of 27) show
increased magnetizations. In the final phase (x = 4, y = 2), magnetizations of oxygen ions
show a relatively wide distribution corresponding to various oxygen ion local environments
in the amorphous structure while no oxygen ions show increased magnetization, indicating
the overall oxidation state of -2 for oxygen ions.
The atomic environments of Fe and O ions in cation-disordered pseudo-cubic
phases Li3FeO3.5, and Li2FeO3 and their effects on the electronic states of O ions are
examined and shown in Fig. 5.9, and 5.10. During the first delithiation step of Li5FeO4 with
2 Li and slight amount (0.5) of O removal, there is a concurrent phase transition from
antifluorite to cation-disordered pseudo-cubic, which brings Li-excess O ion
configurations (Fig. 5.9d) to the system. In the resulting Li3FeO3.5 phase, all the O1- ions
are identified to be in the particular “Li6-O” configuration (Fig. 5.9d) with only Li ion
coordination (first nearest neighbors) while the remain oxygen ions stay as O 2- with at least
one Fe first nearest neighbor. The projected DOS (pDOS) of the oxygen 2p states and iron
3d states of these two configurations are shown in Fig. 5.9b-c. A much greater pDOS from
the oxygen states than from the iron states between 0 and −3.5 eV of the Fermi level is
found for the O1- ion coordinated with six Li ions (Fig. 5.9b). The origin of this increased
DOS can be identified by visualizing the charge density around the oxygen ion for the
energy range between 0 and −1 eV (inset of Fig. 5.9b). This energy range corresponds to
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the extraction of one electron. As seen in the isosurface plot, a large charge density
resembling the shape of an isolated O 2p orbital is present along the directions where
oxygen is linearly bonded to six Li (Li6-O configuration). This result indicates that on
further delithiation, the O1- in the local Li-excess environment originate from this particular
Li6–O configuration can give out one labile electron and becomes O 0, similarly with
previous study.[14] The irreversible delithiation from Li3FeO3.5 to Li2FeO3 and LiFeO2, is
proceeding by gradually oxidation of O 1- to O0 and eliminating these specific Li6-O
configurations (Fig. 5.9d).
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Figure 5.9 Effect of Li6-O configurations on the electronic states of O ions in cation-disordered
rocksalt phases. The Li6-O configurations lead to the labile oxygen states. a-c, Projected density of
states (pDOS) of the O 2p orbitals and Fe 3d orbitals of: a, O2- ions in the Li6-O configurations and
nearest Fe ions in cation-disordered Li4FeO3.5, b, O1- ions in the Li6-O configuration and nearest Fe
ions in cation-disordered Li3FeO3.5, and c, O2- ions in Li/Fe-coordinated O configurations and
nearest Fe ions in the cation-disordered Li3FeO3.5. Insets: isosurfaces of the charge density (yellow)
around the oxygen ions in the energy range of 0 to −1.0 eV. Increased pDOS can be found near the
Fermi level for the O ions coordinated by six Li, which originates from the particular Li 6–O
configuration. d, Schematic of the role played by the Li6-O configurations during the (de)lithiation
of LFO. The irreversible delithiation from Li3FeO3.5 to Li2FeO3 and LiFeO2 is accompanied by the
oxidation of O- to O0 and subsequent elimination of the Li6-O configurations. Meanwhile, the Oions in these Li6-O configurations can be reversibly reduced to O 2- on further lithiation instead of
delithiation. Thus, the O-/O2- redox can be reversible when the delithiation does not proceed beyond
the point where Li6-O configurations are eliminated.
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5.3.4 Reversibility of the anionic and cationic redox
Figure 5.11 shows the cycle performance and the in-situ gas release measurements
for LFO during cycling between 1.0 and 3.8 V after the first 2-Li-ion extraction. As shown
in Fig. 5.11a, no obvious gas release occurred when the cell was cycled with the upper
voltage limited to 3.8 V. On the contrary, the gas pressure increased every time the cell
was charged to 4.0 V (Fig. 5.12a). In addition, the noticeable gas release at the 4.0 V plateau
is maintained after several cycles between 3.8 V and 1.0 V, confirming that the oxygen ion
redox couple stays in the solid cathode when it is cycled below 3.8 V after the first 2 Li
extraction. The cathode showed stable capacity when cycled with the upper voltage limit
at 3.8 V, but not 4.7 V (Fig. 5.11b and Fig. 5.12b).
To study the reversibility of the Fe3+/Fe4+ redox couple, in-situ Fe K-edge XANES
spectra were collected for the LFO cathode during the cycles after the first charge to 3.8 V,
as shown in Fig. 13. During the discharge from 3.8 V to 1.0 V, the main Fe K-edge shifted
back to around 7130 eV, confirming the reduction from Fe(3+δ)+ to Fe3+. However, the
typical tetrahedral Fe3+ peaks and edges of the original LFO (shown in Fig. 13a) were not
recovered. This finding indicates that the octahedral Fe(3+δ)+ in the DRP does not move
back to a tetrahedral site (in the original LFO phase) after being reduced to Fe3+. The
irreversibility of the Fe redox in the first charge and discharge is consistent with the
asymmetric voltage-capacity profile in the first cycle. On the other hand, after the first
charge to 3.8 V, the Fe K-edge XANES shows a nearly symmetric pattern between the 1 st
discharge and 2 nd charge, as demonstrated in the 2D contour graphs (Figs. 13c and 13d),
indicating that Fe(3+δ)+/Fe3+ at the octahedral site can be reduced and oxidized reversibly.
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According to the DFT simulations of the lithiated phase (Li~4FeO3.5), the pDOS
from the 2p states of the oxygen ions in the center of the Li6-O configurations, which are
inherited from the Li3FeO3.5, is confirmed to be greater than the pDOS from the 3d states
of the nearest iron ions (Fig. 9a). Corresponding labile electron extraction/insertion from
these Li6-O configurations enables the reversible O 2-/O- redox. As about 1 Li ion
(corresponding to a capacity around 190 mAh/g) is involved in the first discharge and the
following cycling between 1.0 and 3.8 V, about 0.5 e- is provided by cationic redox (0.5
Fe4+↔0.5 Fe3+) and 0.5 e- is then provided by anionic redox (0.5 O-↔0.5 O2-).

Figure 5.10 Local atomic environments for Fe and O ions in delithiated phases Li4FeO3.5,
Li3FeO3.5, and Li2FeO3.
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Figure 5.11 Onset voltage for O2 gas release from Li5FeO 4 a, The voltage profile (red line) and the
in-situ pressure (blue line) of the Li5FeO4/Li cells during cycles with an upper cutoff voltage of 3.8
V. b, Performance of Li5FeO4 when cycled with a cutoff voltage of 3.8 V and then 4.7 V (magenta
line, corresponding to cell in a versus at 4.7 V from the beginning (navy line)).
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Figure 5.12 Additional characterization of the 3.8-1V cycling. a, In-situ pressure measurement
with cutoff voltage at 4.0 V. The voltage profile (red line) and the in-situ pressure (blue line) of the
Li5FeO4/Li cells collected during cycles with upper cutoff voltage at 4.7 V. b, Cycle performance
of Li5FeO4/Li cell cycled between 3.8V and 1.0V.

Figure 5.13 Reversibility of the Fe3+/Fe4+ redox couple. a,b, Normalized (a) and first-order-derived
(b) in situ Fe K-edge XANES collected on the LFO cathode during the first discharge and the
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second charge after the initial charge to 3.8 V. c–e, 2D contour of a (c) and b (e), corresponding to
the charge–discharge curve (d).

5.4 Conclusion
Figure 5.14 summarizes the structural changes and redox reactions involved in the
electrochemical cycling of LFO. With the removal of two Li ions on the 3.5 V plateau, Fe
and Li ions migrate from tetrahedral sites to octahedral sites with a conversion from the
anti-fluorite to a disordered rocksalt phase. At the same time, part of the Fe 3+ and part of
the O2- are oxidized to Fe4+ and O-, together with the formation of some oxygen vacancies.
The Fe4+/Fe3+ and O-/O2- redox couples in the lattices are reversible with substantial
capacity retention in the subsequent cycles when the upper potential is limited to 3.8 V.
Charging beyond 2 Li ions results in the reduction of Fe4+ to Fe3+, as well as O2 gas release.

Figure 5.14 Schematic of the structural change and redox reactions in Li 5FeO4 during
electrochemical cycling. For clarity, the structure of pristine Li 5FeO4 is simplified as the standard
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anti-fluorite structure by ignoring the position offsets of the atoms. The first charging voltage
profile is plotted in red.

The pursuit of breaking the capacity limits has recently turns the research focus to
the anionic redox. Fundamental research has been carried out on stabilizing oxygenate
species by using 4d or 5d metal ions via, i.e. high M-O covalence; however, we believe
that 3d metal oxides with lower cost and weight could be more practical in terms of real
applications. The combined experimental and computational studies in this work
demonstrate how the coordination structure and bonding environment enable the reversible
oxygen redox in the 3d metal oxides. The Li2O-like anti-fluorite structure facilitates oxygen
redox potential lower than 3.8V, while the fully cationic disordered rock-salt phase
generated in the charging stabilizes the oxygenate species (i.e. O-) via Li6O configuration.
In fact, the Li6-O configuration can be tuned in the oxides by controlling the Li/TM
disordering which could be readily followed by further studies to realize improved
capacities and stability in different electrodes. This extensive understanding of oxygen
redox in different coordination environments could enable new pathways to nextgeneration, high-energy cathode materials based on simultaneous anionic and cationic
redox chemistry.
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CHAPTER 6 Interplay of Cation and Anion Redox in Li4Mn2O5 cathode
material and Prediction of Improved Li4(Mn,M)2O5 Electrodes
6.1 Introduction
Recently, Freire et al.[173] reported a new disordered rocksalt-type Li-excess
Li4Mn2O5 cathode material with partially occupied cation and anion sites that exhibits a
discharge capacity of 355 mAh g-1 in the first cycle within an operating voltage window of
1.2 to 4.2 V vs. Li/Li+. On subsequent cycling, the material is reported to preserve its
rocksalt structure with a discharge capacity of ~250 mAh g-1. A complex delithiation
mechanism was proposed, consisting of three possible redox couples: Mn3+/Mn4+, O2-/O1-,
and Mn4+/Mn5+, based on magnetic susceptibility measurements[173], as shown in the Eq.
(1):
+
2214+
5+
Li4 Mn3+
2 O5 → 4Li +4e +Mn𝑥 Mn2−𝑥 O5−𝑥 O𝑥 (0 ≤ 𝑥 ≤ 2)

(6.1)

However, the formation of an octahedrally-coordinated Mn5+ (as in the rocksalt
structure) during electrochemical delithiation is rather rare.

Mn5+ ions are usually

tetrahedrally-coordinated by oxygen atoms, such as in Li3MnO4.[191] Many factors can
contribute to the difficulty of oxidizing Mn4+ to Mn5+ and here in this study we use the
crystal field theory [192,193] to analyze the preference of Mn5+ toward tetrahedral
coordination. For a given metal/ligand, the energy level splitting (∆oct) of a metal d-orbital
by an octahedral field of ligands is larger than that caused by a tetrahedral field (∆ tet), as
schematically shown in Figure 6.1.[192,193] In addition, the ordering of the split energy
levels, t2g and eg, in an octahedral field is opposite to that in a tetrahedral field.
Consequently, the energy required to remove an electron from the low-lying t2g levels of
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an octahedrally-coordinated metal ion (∆Eoct, see Figure 6.1) is significantly larger than
that needed for removing an electron from the high-lying t2g levels of a tetrahedrallycoordinated metal ion (∆Etet). Further, the energy needed to remove an electron from the
high-lying eg orbital (∆Eoct’) is much smaller compared to that needed to remove an
electron from the t2g orbital (∆Eoct) in an octahedral field. As a result, the oxidation of
octahedrally-coordinated Mn4+ to Mn5+ would require an impractically high voltage
compared to the oxidation of octahedrally-coordinated Mn3+ to Mn4+. Hence, it is therefore
worth examining the TM/O redox mechanism in Li4Mn2O5. Furthermore, the structural
evolution and ionic coordination of redox active species in Li4Mn2O5 during the
(de-)lithiation is not completely understood, and also warrants further investigation. In
addition, because of the difficulty of oxidizing Mn4+ to Mn5+, improving the structural
stability and electrochemical properties of Li4Mn2O5 by doping or substitution of Mn with
a different transition metal that can easily access an oxidation state greater than 4+ is an
appealing prospect.
Here, we simulate the disordered rocksalt Li4Mn2O5 structure through the special
quasi-random structure (SQS) method (with Li/Mn mixing on the cation sublattice of
rocksalt and O/vacancy mixing on the anion sublattice) and also determine the ground state
ordered Li4Mn2O5 structure via DFT-based calculations. The ordered structure as
determined is predicted to have much lower energy (-119 meV/atom) compared to the
disordered structure. Next, we investigate the structural evolution of phases during the
delithiation of Li4Mn2O5, and use these phases to study the redox activities during the
delithiation reactions. We further elucidate the TM and O redox sequences of
Mn3+/Mn4+/Mn5+ and O2-/O1- during the charging cycle and show that the electrochemical
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delithiation process of Li4Mn2O5 occurs in the following three-step reaction pathway: 1)
initial oxidation of Mn3+ to Mn4+ for LixMn2O5 (4 > x > 2), 2) followed by anionic redox
of O2- to O1- for LixMn2O5 (2 > x > 1), and finally 3) further cation oxidation of Mn4+ to
Mn5+ for LixMn2O5 (1 > x > 0), validating the observations of Freire et al.[173]. Our
calculations show that the oxidation of Mn4+ to Mn5+ imposes a migration of the Mn ion
from its octahedral site to a nearby, unoccupied tetrahedral site and impairs the cycling
performance of Li4Mn2O5. Lastly, we perform computational screening of mixing on the
Mn sites with metal cations (M) that produce energetically stable Li4(Mn,M)2O5 mixtures,
and also have stable 5+ oxidation states. Our approach suggests that alloying this
compound with the following elements should produce new compounds with substantially
improved electrochemical properties and cyclability: M = V and Cr in Li4(Mn,M)2O5.

ER: Li metal
(i) ∆Eoct

ER: Li metal
(ii) ∆Eoct

ER: Li metal
(iii) ∆Etet

eg

eg

t2g

t2g
octahedral

t2g
octahedral

∆tet

Energy

∆oct

Energy

Energy

∆oct

eg
tetrahedral

Figure 6.1 Energy levels of the Mn d-orbitals in octahedral and tetrahedral coordinations. The
energies needed to oxidize octahedrally coordinated (i) Mn3+(occupation: d4) to Mn4+(d3) and (ii)
Mn4+(d3) to Mn5+(d2) to the reference state ER (Li metal) are indicated by the dotted and solid red
arrows, respectively. The energy needed to oxidize tetrahedrally coordinated (iii) Mn4+(d3) to
Mn5+(d2) is indicated by the solid blue arrow. The energy ∆Eoct required to remove an electron from
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the t2g levels of octahedrally coordinated Mn

4+

is significantly larger than that (∆E tet) needed to

remove an electron from t2g levels of tetrahedrally coordinated Mn4+. The oxidation of octahedrally
coordinated Mn4+ to Mn5+ is rarely observed.

6.2 Methodology
All DFT calculations reported in this study were performed using the Vienna Abinitio Simulation Package (VASP)[103–106] with the projector augmented wave (PAW)
potentials[107] and the Perdew-Becke-Ernzerhof (PBE)[108] exchange-correlation. A
plane wave basis with a cutoff energy of 520 eV and 𝚪-centered k-meshes with a density
of 8000 k-points per reciprocal atom were used for all calculations. All calculations were
spin-polarized, with Mn atoms initialized in a high-spin configuration and relaxed to selfconsistency. Both ferromagnetic (FM) and antiferromagnetic (AFM) configurations of the
Mn ions were used to explore the ground state of Li4Mn2O5 with the FM arrangement
exhibiting lower energy (0.2 meV/atom). Therefore, the FM configuration was applied in
following calculations. The DFT + U method introduced by Dudarev et al..[109] was used
to treat the localized 3d electrons of Mn with a U of 3.8, obtained by fitting it to
experimental and calculated formation enthalpies in a previous study.[112] Phonon
calculations were carried out with the frozen phonon approach as implemented in the
PHONOPY package,[194] and phonon density of states was computed using a dense
30×30×30 mesh in the irreducible Brillouin zone. Further, Heyd-Scuseria-Ernzerhof
screened hybrid functional (HSE06)[195] was used to accurately determine the energies,
magnetic and electronic states of Mn and O in the delithiated phases with structures relaxed
using DFT + U: Li4-xMn2O5 (x = 0, 1, 2, 3, 4).
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The tendency of two ordered rocksalt Li4M2O5 and Li4M2’O5 (space group Cmmm)
materials to mix and form a mixed-metal rocksalt Li4MM’O5 structure can be evaluated by
calculating the mixing energy as shown in Eq. (4):
𝐸𝑚𝑖𝑥 = 𝐸(Li4 (M, M′)2 O5 ) − 1/2(𝐸(Li4 M2 O5 ) + 𝐸(Li4 M'2 O5 ))

(6.2)

where 𝐸(Li4 (M, M′)2 O5 ), 𝐸(Li4 M2 O5 ), and 𝐸(Li4 M'2 O5 ) are the total energies of the
Cmmm structure with two geometrically identical TM sites occupied by metal atoms M
and M’, M alone, and M’ alone, respectively.
6.3 Results and discussion
6.3.1 Determining the rocksalt type structure of Li4Mn2O5
Mechanical milling, as applied in the Li4Mn2O5 experimental study[173] has been
proven to be a viable solid state processing route for the synthesis of various equilibrium
and non-equilibrium phases.[196] Structural disordering and thermodynamic metastability
can be introduced to the synthesized compounds through ball milling, such as in the
intermetallic GdAl2 compound, [197] or in cation-disordered oxides Li3NbO4[44] and
Li1.25Nb0.25Mn0.5O2.[198] Li4Mn2O5 is claimed to adopt a disordered rocksalt type structure
with Li/Mn randomly mixed on the cation sites and O/vacancies randomly mixed on the
anion sites (see Figure 6.2a). Here, we employ the special quasi-random structure (SQS)
method,[131,132,184] using a rocksalt-based 108-site supercell with Li/Mn occupying the
54 cation sites in a 2:1 ratio, and O/Vac occupying the 54 anion sites in a 5:1 ratio. The
SQS was generated (see Figure 6.2b) using a Monte Carlo algorithm as implemented in the
ATAT package[131,132,184] with the pair and triplet correlation functions of the SQS
constrained to be identical to those of the statistically random compound (Li/Mn occupying
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the cation sites, and O/Vac occupying the anion sites) at least up to the third nearest
neighbor.
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(Fm-3m)
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Figure 6.2. Determining the rocksalt type structure of Li4Mn2O5. (a) A schematic illustration of the
disordered rocksalt Li4Mn2O5 structure with Li/Mn randomly mixed on the cationic sites and
O/vacancy randomly mixed on the anionic sites. (b) Simulated disordered structure using the
special quasi-random structure (SQS) method. (c) Predicted ground-state structure of Li4Mn2O5,
with all Mn octahedrally coordinated by O atoms and Li ions square-planarly or square-pyramidally
coordinated because of oxygen vacancy neighboring (space group Cmmm). (d) Total energy
distribution of the 100 structures selected, the SQS structure, and the Na 4Mn2O5 prototype structure
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from DFT calculations. The Cmmm structure as predicted in this study exhibits the lowest total
energy.

In addition, we also study ionic ordering in the Li4Mn2O5 compound. We determine
the lowest-energy, ground state structure of Li4Mn2O5 by exploring a vast number of
geometrically-distinct Li/Mn/O ordered configurations using DFT calculations. Starting
from the cubic rocksalt primitive cell, we generate two sets of supercells: 1) containing 6
cations and 6 anions with all symmetrically distinct supercell shapes; 2) containing 12
cations and 12 anions with two specific shapes, given by 3×2×2 and 2×3×2 multiples of
the primitive rocksalt unit cell. We then populate the cation sites with Li and Mn atoms in
the ratio 2:1, and introduce vacancies (Vac) on the anion sites with a Vac:O ratio of 1:5.
616 geometrically different configurations were generated using the Enum code.[127–129]
We calculated the electrostatic total energy for all configurations using nominal charge
states for the ions in the system as a quick energy sampling step.[76] All structures were
ranked by their normalized electrostatic energies, and the 100 Li4Mn2O5 structures with the
lowest electrostatic energies were fully relaxed, and their energies calculated, using DFT.
We find the structure with the lowest DFT total energy, i.e., the ground state structure of
Li4Mn2O5, has a space group of Cmmm with all Mn3+ ions octahedrally-coordinated by 6
oxygen atoms (see Figure 6.2c). Meanwhile, Li ions are square-planarly or squarepyramidally coordinated by 4 or 5 oxygen atoms as a result of oxygen vacancy neighboring.
The cation ordering between Li and Mn in our proposed Li4Mn2O5 ground state structure
is the ordering of the Ga2Zr compound[199] with crystallographic information given in
Table S1. The fully-relaxed DFT energy of the SQS structure is found to be higher than the
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ordered ground state by 119 meV/atom (34 ordered structures having lower total energies,
see Figure 6.2d). We note that the isoelectronic compound, Na4Mn2O5 is known and adopts
an ordered rocksalt-type structure (Fddd).[200] Using this structure type for the Li
compound, we find that Li4Mn2O5 in the Fddd structure type exhibits a total energy 4
meV/atom higher than the Cmmm structure we found here. The thermodynamic and
dynamical stability of the ordered Cmmm Li4Mn2O5 structure is discussed in detail in the
following section.
6.3.2 Li-Mn-O phase diagram and thermodynamic stability of ordered (Cmmm)
Li4Mn2O5
Phase diagrams represent the thermodynamic phase equilibria of multicomponent
systems and provide useful information on reactions of phases. While the experimental
determination of a phase diagram for specific system is significantly time and labor
consuming, we can accelerate the phase diagram constructions by calculating energies of
all known compounds in a specific chemical system using DFT, and using them to
construct a T = 0K convex hull.[118,119] In this study, we constructed ternary Li-M-O
ground state convex hulls using the structures with the lowest energy for each composition
for M = Mn and all metal elements with possible oxidation states of 5+ or above: i.e., M =
Bi, Cr, Ir, Mo, Nb, Os, Pd, Pr, Pt, Re, Rh, Ru, Sb, Ta, V, and W.[201] All compounds
within each Li-M-O ternary system were adopted from the Inorganic Crystal Structure
Database (ICSD).[120] The elemental reference states (Li, M, non-solid O2) were obtained
by fitting[121] to experimental formation energies, mainly from two major databases, the
SGTE substance database (SSUB) and a database constructed by P. Nash et
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al..[112,114,121–124] Calculations to construct equilibrium Li-M-O phase diagrams were
carried out within the Open Quantum Materials Database (OQMD) framework.[113,114]
We construct the convex hull of stable phases, i.e., the set of compounds that have an
energy lower than that of any other compound or linear combination of compounds at that
composition, for each ternary Li-M-O system. Using such convex hulls, or T = 0K phase
diagrams, we can then evaluate the ground state stability of transition metal oxides, e.g.,
Li4M2O5 and Li4(Mn,M)2O5, by using the GCLP technique.[35,114]

Figure 6.3 Thermodynamic and dynamic stabilities of Li4Mn2O5. (a) Calculated Li–Mn–O (T=0
K) phase diagram. The Li4Mn2O5 phase is slightly higher in energy (13.6 meV/atom) relative to
that of the ground state phases—a mixture of Li2O and LiMnO2. (b) Phonon dispersion of groundstate Li4Mn2O5 and (c) calculated temperature-dependent free energy of Li4Mn2O5 (red dotted line),
Li2O (orange dotted line), and LiMnO2 (green dotted line) as well as the stability (purple solid line)
of Li4Mn2O5 vs. temperature relative to Li2O and LiMnO2 phase mixtures. We find that Li4Mn2O5
is dynamically stable and can be entropically stabilized at ~1350 K.

The Li-Mn-O phase diagram (T = 0 K) is shown in Figure 6.3a with the ground
state, stable compounds marked by filed circles (i.e., having lower energy than the linear
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combination of other structures). Li4Mn2O5 is shown as an empty circle, which is
compositionally located on the tie-line between Li2O and LiMnO2. Li4Mn2O5 at T = 0 K is
predicted to have an energy only slightly higher (+13.6 meV/atom) than a two-phase
mixture of Li2O and LiMnO2. The Li4Mn2O5 compound is, therefore, not a ground state
structure, but rather is unstable at T = 0 K, albeit by a very small energy. The compound is
very close to the convex hull, and hence may be stabilized at elevated temperatures by
entropic contributions, e.g., vibrational entropy. Our DFT calculated phonon dispersion of
the Cmmm Li4Mn2O5 is provided in Figure 6.3b. No imaginary phonons are shown, which
indicates our predicted Li4Mn2O5 compound is dynamically stable.
By computing the harmonic phonons and vibrational entropies of Li4Mn2O5,
LiMnO2, and Li2O, we can calculate the temperature dependence of the free energies
between these three competing phases. We find that Li4Mn2O5 has a higher entropy than
the combination of Li2O and LiMnO2, suggesting that Li4Mn2O5 should become stable at
elevated temperatures. The temperature-dependent free energy curves (Figure 6.3c, left),
F(T) = E - TS, consist of the energy of a static lattice and the harmonic vibrational free
energy at the same volume. Both Li2O and LiMnO2 are calculated to be dynamically stable,
having only real phonon frequencies. Using the free energies for each of the three
compounds, we can calculate the stability (formation free energy) for Li4Mn2O5,
Stability(Li4Mn2O5) = F(Li4Mn2O5) – F(Li2O) – 2F(LiMnO2). The stability of Li4Mn2O5
as the function of T is shown in Figure 6.3c with a temperature at which Li4Mn2O5 is
stabilized to be approximately ~1350 K. Due to the relatively small entropy differences
between phases, the uncertainty of this temperature (e.g., due to an uncertainty of ±1
meV/atom in free energy) results in a range of transition temperatures of 1240-1450 K. Our
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calculations then suggest that the Li4Mn2O5 compound is stable at high temperatures,
implying the favored formation of this compound above the transition temperature.
However, the elevated temperature would also favor ionic disorder because of the greater
configurational entropy contribution. As a result of these thermodynamic arguments, we
suggest that the synthesis of the ordered Li4Mn2O5 compound might be difficult (though it
has been accomplished for a disordered phase of Li4Mn2O5 and an ordered compound of
Na4Mn2O5). The possible stable decomposition phases are LiMnO 2, Li2O, Li2MnO3,
Li6MnO4, as predicted by the Li-Mn-O phase diagram, which might be observed as
“impurity” phases during synthesis.
6.3.3 Electrochemical delithiation process of Li4Mn2O5 and TM/O redox competition
Having explored the structural ordering and thermodynamic stability of the
Li4Mn2O5 phase, we next explore the electrochemical delithiation process of this
compound. To examine delithiation, we calculated the energies of disordered SQSLi4Mn2O5 and the fully-delithiated SQS-Li0Mn2O5. Meanwhile, we consider compositions
of LixMn2O5 (x = 4, 3, 2, 1, and 0) in which (4 – x) Li+ ion(s) are removed from the original
ordered Cmmm Li4Mn2O5 structure using many geometrically-distinct configurations, and
they are further relaxed using DFT. We evaluate the energies for these structures according
to the following reaction: LixMn2O5 → Mn2O5 + xLi+. The energies of these
ordered/disordered delithiation products are plotted, and the delithiation convex hull of
Li4Mn2O5-Mn2O5 is then constructed, as shown in Figure 6.4a. In Figure 6.4a, the
delithiation convex hull of Li4Mn2O5-Mn2O5 is shown, where the ordered LixMn2O5 (x =
3, 2, 1) and disordered SQS-LixMn2O5 (x = 0) structures are found to be on the hull.
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Converting the energies along this delithiation pathway into voltages, we find that voltage
range obtained from our calculation well matches the interval as measured in the first
experimental delithiation in Figure 6.4b.
Formation energy (eV/atom)
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Figure 6.4 Electrochemical delithiation process of Li4Mn2O5. (a) Li4Mn2O5–Mn2O5 convex hull
with calculated delithiated structures generated from ordered and disordered (SQS) Li 4Mn2O5
phase. (b) Corresponding voltage profile during the delithiation process in Li4Mn2O5, the voltage
range obtained from our calculation well matches the interval as measured in the first
experimental delithiation [173].

We next use our calculations of the Li4Mn2O5 phase and its delithiation products to
interrogate in detail the TM/O redox sequence. We examine the oxidation states of Mn
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and O ions during the delithiation process and investigate the local atomistic environments
for cations and anions. The oxidation states can be determined by comparing calculated
magnetizations of Mn and O ions with the number of unpaired electrons of the
corresponding ions with known oxidation states. The numbers of unpaired electrons for
Mn3+

(octahedrally-coordinated),

Mn4+

(octahedrally-coordinated),

and

Mn5+

(tetrahedrally-coordinated) are 4, 3, and 2, respectively, as shown in Figure 6.6; and, the
numbers of unpaired electrons for O2- and O1- (octahedrally-coordinated) are 0 and 1,
respectively (Figure 6.6). We find that the electrochemical delithiation of Li4Mn2O5 can be
categorized in three different reaction steps, where each step contains a dominant redox of
either TM or O ions:

(i) Cationic redox Mn3+/Mn4+ delithiation (LixMn2O5, 4 > x > 2): During the delithiation
process of Li4Mn2O5 → Li3Mn2O5 → Li2Mn2O5, we find that the Mn magnetizations
decrease from 3.94 μB → 3.56 μB → 3.14 μB (see Figure 6.6), indicating an overall
oxidation of Mn3+ to Mn4+. Meanwhile, the O magnetizations retain a value between 0.01
μB to 0.14 μB (see Figure 6.6), implying a constant anion oxidation state of O2-. The initial
energetic preference of TM redox over O redox is confirmed by examining the projected
density of states (p-DOS) of O 2p and Mn 3d orbitals (eg and t2g) of O2- ions and Mn3+ ions
in both ordered and disordered Li4Mn2O5. As shown in Figure 6.5c, the contribution from
Mn eg to the valence band immediately below the Fermi level (EF) is larger than that from
O, which shows a preference for electron extraction from Mn (Figure 6.5b) during the
initial stages of the charging process. As a result, the first delithiation step is dominated by
cationic redox of Mn3+/Mn4+. It is interesting to connect the competition between cation
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and anion redox to the local ionic environments in the LixMn2O5 structures. Recently, Seo
et al.[14] proposed that a specific local Li-excess environment around the oxygen atoms
(i.e., a Li-O-Li linear configuration) is a key structural signature indicating the feasibility
of both cationic (TM) and anodic (oxygen) redox process in Li-rich cathode materials. In
other words, the electrons from the oxygen atom in this local Li-O-Li configuration can
more easily contribute to the redox process due to the overlapping TM states and O 2p
states. Interestingly, our examination of the local environments of oxygen shows that many
O ions are in this Li-O-Li configuration in the ordered (Cmmm) and disordered structures,
as shown in Figure 6.5a. However, we find that Mn3+ to Mn4+ cation oxidation is still the
main redox contribution during the initial charging process. After 2 Li+ ions are removed
(i.e., Li2Mn2O5), a large fraction of O ions (4/5) still remain in these linear Li-excess
environments (see Figure 6.5a). The p-DOS of O 2p and Mn 3d orbitals (eg and t2g) for O2ions in the Li-excess environment and nearest neighbor Mn4+ ions are shown in Figure 6.5d.
The contribution from oxygen in the valence band immediately below EF is significantly
larger than that coming from Mn t2g, implying the possibility of oxygen redox participation
in the second delithiation step as described below. Taking extra electrons out from the t2g
orbital of Mn is significantly more difficult compared to the eg orbital (Figure 6.5b), as
discussed in Section I.
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Figure 6.5 Cationic and anionic redox sequence during the delithiation of Li4Mn2O5. (a) Local
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(ii) Anionic redox O2-/O1- dominant delithiation (LixMn2O5, 2 > x > 1): Upon further
delithiation of Li2Mn2O5 into LiMn2O5, we find that the observed Mn magnetizations are
largely constant in the range 3.14 μB to 3.30 μB, indicative of Mn4+, consistent with the
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experimental findings[173]. Here, the Mn ions still are octahedrally-coordinated.
Interestingly, we find that 1/5 of the O ions exhibit magnetic moments around 0.69 μB,
implying the partial oxidation of O2- toward O1-. By examining the local atomistic
environments of all O1- ions in Li1Mn2O5 and comparing to their previous local
environments in Li2Mn2O5, we notice that all O1- ions participating in redox during this
step are located in the Li-O-Li Li-excess environments (Figure 6.5a), validating Seo et al.’s
hypothesis.[14] Our calculations thus indicate the delithiation step from Li2Mn2O5 to
LiMn2O5 is dominated by anionic redox processes (i.e., with O2- being partially oxidized
to O1-). For the LiMn2O5 phase, as shown in Figure 6.5e, the contribution from Mn orbitals
(mainly t2g) to the valence band immediately below the Fermi level (EF) is still slightly
lower than that from O, implying a preference for electron extraction from O (Figure 6.5e)
during the final stages of the charging process (LixMn2O5, 1 > x > 0). However, in the
experimental studies, further oxidation of Mn4+ to Mn5+ was observed during this
stage.[173] Therefore, we suggest that some additional reaction mechanism must account
for the Mn oxidation during the final stage.
(iii) Mixed cationic Mn4+/Mn5+ and anionic O2-/O1- redox delithiation (LixMn2O5, 1 > x >
0): During the final delithiation step, i.e., LiMn2O5 to Mn2O5 (here, we examined the
disordered SQS-Mn2O5 with the lowest DFT energy), we find the Mn magnetizations are
distributed from 3.3 μB to 1.9 μB (see Figure 6.6), indicating that Mn4+ ions have been
partially (1/6) oxidized to Mn5+. At the same time, the magnetizations of 1/3 of the O ions
are found to be 0.71 μB ~ 0.82 μB (Figure 6.6), implying a further oxidation of O2- to O1(remember that we find 1/5 of anions are O 1- in LiMn2O5). The coexistence of Mn5+ and
O1- is consistent with the experimental observations in Ref. [173]. Interestingly, as depicted

in Figure 6.5a, we find that all the

Mn5+
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ions are tetrahedrally-coordinated in this Mn/Li

vacancy disordered configuration. The observation of tetrahedrally-coordinated Mn5+
confirms our discussion above that the oxidation of tetrahedrally-coordinated Mn4+ to Mn5+
is energetically favored compared to the octahedrally-coordinated Mn4+ because of the
crystal field t2g/eg effects (Figure 6.5b). Therefore, we suggest that the Mn ion migration to
tetrahedral positions is necessary in the final delithiation process toward Mn2O5, which
corresponds to the oxidation of Mn from 4+ to 5+. At the same time, all the Mn ions in our
ordered Mn2O5 (blue circle in Figure 6.4a, 0.85eV/Mn higher in energy compared to the
disordered configuration), however, are still located in the octahedral sites, where the
oxidation states are preserved at 4+, as shown in Figure 6.6. As a result, the Mn migration
not only enables the Mn4+ oxidation to Mn5+ but also lowers the energy of the system at
this stoichiometry by 0.85eV/Mn (see Figure 6.5f). In order to achieve a reversible redox
reaction, these Mn5+ ions would need to migrate back to their original octahedral sites
during the following lithiation (i.e., the discharge process). The large reverse migration
barrier (i.e., at least 0.85 eV/Mn, the difference in DFT energetic stability between these
two structures) will result in a significant kinetic barrier for the tetrahedral Mn5+ to migrate
back to its original octahedral position; therefore, we suggest that this metal migration will
impair the reversibility of the reaction. After the extended cycling of Li4Mn2O5 cathodes,
it is likely that more Mn ions will migrate into the in tetrahedral sites and get trapped. We
suggest that the phase transformation caused by the Mn ion migrations could be one of the
most significant factors for the polarization between charge and discharge, as well as the
capacity fade observed experimentally after the first cycle[173]. We also suggest that
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improved performance and reversibility should be achieved by limiting charging to avoid
the formation of Mn5+ and hence the migration of these metal cations.
The above results imply a design strategy to improve the extended cyclability of
the rocksalt Li4Mn2O5 cathodes would be to avoid Mn migration to the tetrahedral sites
during the Mn4+/Mn5+ redox process. The electrochemical cycling of Li4Mn2O5 can be
confined to a smaller range: LixMn2O5, 4 > x > 1, without removing all Li from the system
and oxidizing Mn to 5+. Thus, improved cyclability could be achieved by sacrificing a
limited amount of capacity. An alternate strategy to achieve this goal of improved
reversibility would be to partially substitute Mn in Li4Mn2O5 with other TM elements that
can access the oxidation state of 5+ or above, thereby eliminating the need for oxidation of
Mn to 5+. In the following section, we present a high-throughput DFT screening strategy
to determine stable metal dopants (M) in Li4(Mn,M)2O5 compounds.
6.3.4 TM doping in Li4Mn2-xMxO5 with accessible 5+ oxidation state or above
We first start with all the metal elements (M) with possible oxidation states of 5+
or above: i.e., M = Bi, Cr, Ir, Mo, Nb, Os, Pd, Pr, Pt, Re, Rh, Ru, Sb, Ta, V, and W.[201]
For each of these elements, we compute the properties of mixed-metal Li4(Mn,M)2O5
compounds, specifically focusing on stability and mixing energy. The mixing energies
between Li4Mn2O5 and Li4M2O5 in Li4(Mn,M)2O5 help determine the stability of metal
mixing in this structure. When the mixing energy (Emix) is found to be slightly negative or
positive (near-zero, i.e. -30 to 30 meV/site), the mixing entropy at finite temperatures will
overcome the mixing energy, and hence there will be a tendency for metal mixing in a
solid-solution. A larger positive mixing energy (> 30 meV/site) or a larger (in magnitude)
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negative mixing energy (< -30 meV/site) would lead to phase separation in the former case,
and a quaternary ordered compound in the latter. These cases may have undesired phase
transformations or possible mass transport kinetic limitations. As a result, we narrow down
the list of our candidates to those with near-zero mixing energies between -30 to 30
meV/site in our study (Figure 6.7). Similar with Li4Mn2O5, all Li4M2O5 compounds are
unstable at T = 0K with the potential to be entropically stabilized at finite temperatures.
For cases where the Li4M2O5 convex hull distance (i.e., stability) is significantly positive,
it will lead to an instability of the corresponding Li4(Mn,M)2O5 compound. Here we also
exclude the Li4(Mn,M)2O5 compounds with related Li4M2O5 convex hull distance larger
than 50 meV/atom. In Figure 6.7, we suggest the top Li4(Mn,M)2O5 candidates with
stability near the convex hull and a small mixing energy in the Mn sublattice (favoring
solid solution formation). We predict that mixing with M = V and Cr are particularly
promising additives. We expect that the doping/substitution of these elements into
Li4(Mn,M)2O5 cathodes will lead to reduced phase transformation and controlled oxygen
anodic chemistry for further improved electrochemical performance; therefore, calling for
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imminent experimental validations.
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Figure 6.7 HT-DFT screening for doping into the Mn sublattice in the Li4(Mn,M)2O5 cathode
system. We performed computational screening of mixing on the Mn sites with metal cations (M)
that produce energetically stable Li4(Mn,M)2O5 mixtures and have stable 5+ oxidation states by
examining the mixing energy and Li4M2O5 stability. The top candidates with -30 < Emix < 30
meV/site and the lowest formation energies are presented. Our top three TM dopant candidates in
the Li4(Mn,M)2O5 system are located in the left center of the plot: M = V and Cr.

6.4 Conclusion
In this study, we exploit the structural and electrochemical properties of Li-rich
rocksalt Li4Mn2O5 cathode materials using first-principles DFT calculations. We simulate
the disordered rocksalt-type Li4Mn2O5 structure using the special quasi-random structure
method (SQS). Then we identify the ground state structure of Li4Mn2O5 using an
enumeration method by exploring geometrically-distinct Li/Mn and O/vacancy
configurations on cation and anion sites of the rocksalt structure, respectively. The ordered
structure is predicted to have much lower energy compared to the disordered structure. We
reveal the underlying mechanism in the electrochemical delithiation process of Li4Mn2O5
that proceeds through a three-step reaction with a different dominant cationic/anionic redox
process in each step: i) LixMn2O5 (4 > x > 2; Mn3+/Mn4+), ii) LixMn2O5 (2 > x > 1; O2-/O1-),
and iii) LixMn2O5 (1 > x > 0; Mn4+/Mn5+). We find that the oxidation of Mn4+ to Mn5+ can
be achieved by the Mn ion migrations from the octahedral to the adjacent tetrahedral sites.
A large barrier for Mn migration back to the octahedral site in the following lithiation
process impairs the reversibility of the redox processes, which directly explains the
capacity fades observed in Li4Mn2O5 after the 1st cycle in experiment. Lastly, in order to
improve the extended cyclability of Li4Mn2O5 cathode system, we search for a suitable
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dopant that can access the oxidation state of 5+ or above by evaluating the mixing energies
and stabilities. We recommend the dopant candidates including M = V and Cr in
Li4(Mn,M)2O5 system for further experimental investigations. Our theoretical findings
provide valuable insights on the structural and electrochemical behavior of Li-rich
Li4Mn2O5 cathode materials and could help designing the next-generation high-energydensity LIB cathode materials for future research and development.
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CHAPTER 7
Cubine, a Novel 2-Dimensional Nano Sheet Based Superfast Rate Electrode
for Lithium Ion Batteries
7.1 Introduction
Since the first successful exfoliating of graphene in 2004,[38,202–204] intense
research has been devoted to the synthesis and characterization of 2D materials. Meanwhile,
various 2D materials have been discovered, ranging from graphene analogs like
silicene[205–208]

to

phosphorene[209]

and

borophene,[210]

transition

metal

oxides,[211,212] transition metal dichalcogenides,[165,213] and transition metal
carbinides/nitrides.[214,215] Due to their diverse properties, 2D materials have been
considered for energy storage. For metal-ion batteries, materials that can host Li+ or Na+ at
high densities are of particular interest, a market currently dominated by carbonaceous (e.g.
graphite and hard carbon) and layered materials (e.g. LiCoO2).[216] 2D materials are
promising alternatives since they exhibit compelling ion transport and storage
characteristics due to their open 2D channels and high specific surface areas with a large
number of active sites.[216] Furthermore, since 2D materials only exhibit weak interlayer
bonding via van-der-Waals (vdW) forces, unfavorable, large changes in their volumes
during the intercalation and de-intercalation of lithium ions are alleviated. 2D materials can
also serve as functional substrates for incorporating active materials to improve the
electrical and ionic conductivity of electrodes.[38]
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Theoretical efforts to identify potential new 2D materials have been aimed at
screening large databases of crystalline materials for low-dimensional structural
patterns.[217] Commonly, simple geometrical criteria such as large interlayer spacings are
used to identify 2D units that could be separated through mechanical exfoliation. Recently,
a high-pressure phase in the Cu–Bi system, CuBi, was discovered with an orthorhombic
unit cell (Figure 7.1).[218] Despite being known to exhibit superconducting properties with
a Tc between 1.33 and 1.40 K,[219] CuBi structure featured with voids to host the lone
electron pairs (LEP) of the two nonbonding Bi 6s electrons that form in the vicinity of the
bismuth atoms. Therefore, CuBi forms a 2-dimensional layered structure of alternating Cu,
Bi, and LEP sheets.

Figure 7.1 Single sheet of cubine, exfoliated from CuBi, along the a-axis, together with the
interatomic bonds. The two symmetrically inequivalent atoms Bi1 and Bi2 are attached to the
buckled triangular sheet of Cu through three and four bonds, respectively. The core Cu sheet itself
consists of a triangular lattice with two distinct short Cu−Cu bonds. In all figures, Cu and Bi atoms
are denoted by orange (small) and purple (large) spheres.

Here we investigate the CuBi compound using ab initio methods to unravel the
unique structural features of CuBi and reveal its 2-dimensional character. The dynamical
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stability of CuBi nano sheets show that they are viable as metastable phases, and could be
potentially used as a new class of building blocks in 2D heterostructures with compelling
physical properties: they are superconducting with a Tc ≈ 1 K, and could be used to
intercalate Li atoms at low voltages, and hence make an interesting new electrode for Liion batteries.
7.2 Methodology
Density functional theory (DFT) calculations were carried out within the projector
augmented wave (PAW) formalism61 as implemented in the VASP[103–106] package.
Unless

otherwise

noted,

we

employed

the

Perdew−Burke−Ernzerhof

(PBE)

approximation[108] to the exchange− correlation potential. A plane-wave cutoff energy of
400 eV was used with a sufficiently dense k-point mesh to ensure a convergence of the
total energy to within 1 meV/atom. Both the atomic and cell parameters were
simultaneously relaxed until the maximal force components were less than 2 meV/Å and
stresses less than 0.01 GPa.
The Li adsorption process on the cubine single layer was computed by exploring
geometrically distinct Li/vacancy configurations on all possible adsorption sites of the
cubine surface at different compositions (Li/vacancy ratios). Starting with the cubine unit
cell (Cu4Bi4) which has a total of eight empty sites where Li ions can adsorb, we generated
all symmetrically distinct configurations using Enum[127,220] for a series of compositions
Lix□2−xCuBi (0 < x < 2, □ denoting vacancies). The total energies of all configurations
were evaluated with the DFT settings described earlier. We also adopted the vdW-DF
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functional (optB88),[221] which employs a self-consistent van der Waals (vdW) correction.
At each composition x the adsorption energy was computed according to
𝐸𝑎𝑑𝑠 =

𝐸(𝐿𝑖𝑥 𝐶𝑢𝐵𝑖)−𝑥𝐸(𝐿𝑖)−𝐸(𝐶𝑢𝐵𝑖)
𝑥

(6.1)

where the reference energy E(Li) of a single Li was evaluated in vacuum using a 10 Å ×
10 Å × 10 Å supercell. To simulate the lithiation process of bulk CuBi, the conventional
cell was used to explore geometrically distinct potential Li sites between the cubine layers.
All symmetrically inequivalent occupation of these sites was used as input structures and
relaxed with respect to the atomic and cell variables using the PBE functional, resulting in
energies as a function of Li/vacancy ratios, i.e., the Li concentrations in LixCuBi. The
formation energies were evaluated according to the following reaction: CuBi + xLi →
LixCuBi. The lithiation convex hull was constructed from the lowest formation energies at
every composition, and only those intermediate phases which lie on the hull were
considered, using metallic Li as a reference.
7.3 Results and discussion
Due to their large surface areas, 2D materials such as graphite have recently
attracted interest as additives to enhance the performance of electrodes in metal-ion
batteries.[222] Here, we investigate the potential of using cubine sheets in lithium-ion
batteries by studying the adsorption of Li atoms directly on its surface. We identified three
symmetrically distinct sites on cubine where Li can be deposited, shown in the top right
inset of Figure 7.2a. We systematically explored all possible decorations of these three sites
on both sides of a cubine sheet in one unit cell of LixCuBi. For x = 0.25 (i.e., one Li per
cell), the most favorable adsorption sites are A and B, which are located between four Bi
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atoms and lead to adsorption energies per Li atom of 1.90 and 1.88 eV, respectively. Site
C is energetically unfavorable and can only be occupied once both the A and B sites are
completely filled at higher values of x. A full occupation of all sites results in Li2CuBi, and
a potential gravimetric charge density of 192.92 mA h/g. Figure 7.2a shows the lowest
energy adsorption geometries together with the change in adsorption energies as a function
of surface coverage.
In practical energy storage applications, the kinetics of the adsorbed species on a
surface is an important factor in the rate of charge/discharge. Hence, we computed the
diffusion barriers of Li along the geometrically distinct paths on the cubine sheet (Figure
7.2b). The lowest barrier was found for the pathway A−B with a height of merely 0.13 eV,
which is 40% lower than the barrier between the two most stable adsorption sites of Li on
graphene.[223] Since the A−B sites form a network on the surface connected through these
low energy barriers, we expect that the Li atoms can diffuse at a high rate on the surface.
The energy profile for the paths A−C and B−C show that the C site is indeed a stationary
saddle point (between A−A and B−B sites), which only transforms into a local minimum
once the A and B sites are occupied.

132

Figure 7.2 (a) Adsorption energies per Li atom of Li xCuBi on a single sheet of cubine at various
coverage densities x, where the red line connects the lowest energy configurations at a given x. The
three distinct adsorption sites are denoted with A, B, and C (top right inset), and the lowest energy
adsorption geometries at different surface coverages are shown by the insets at the bottom. (b)
Calculated Li kinetics on a single sheet of cubine. Subpanel I shows the lithium-ion diffusion
pathways on the surface. Subpanels ii−iv show the kinetic barriers calculated along geometrically
distinct diffusion pathways: A−B, B−C, and A−C.

The very low interlayer binding energy, the large spacing of 3.98 Å (graphite, 3.35
Å) between the sheets, and the low diffusion barriers of Li on cubine also render bulk CuBi
potentially an attractive candidate as a metal intercalation electrode. There are two
symmetrically distinct interstitial sites per cell (inset of panel i, Figure 7.3a) with each 2fold degeneracy between the cubine layers that can host four guest atoms in total. By fully
occupying these sites with Li, Na, Mg, and Al, gravimetric (and volumetric) capacities of
96.46 mA h/g (493.25 mA h/mL), 92.45 mA h/g (472.75 mA h/mL), 184.27 mA h/g
(942.27 mA h/mL), and 274.51 mA h/g (1403.72 mA h/mL) could be potentially achieved,
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respectively. Although the gravimetric capacities of bulk CuBi are rather moderate, the
volumetric capacities are close to values of commercially used anode materials such as
graphite (550 mA h/mL). Besides a high capacity, there is an increasing demand for
electrode materials with high rate capacities to improve battery power and to reduce the
(re)charge time. To assess these charge/discharge and ion diffusion properties, we
investigated the lithiation electrochemistry of CuBi. There are two intermediate phases on
the CuBi−Li convex hull, where the end points are given by CuBi and elemental metallic
Li, as shown in panel I of Figure 7.3a: Li0.5CuBi and LiCuBi. The corresponding voltage
profile is shown in panel ii, with values in a fairly low range of 0.18−0.34 V, indicating
that this material is more suitable as an anode material. During the whole lithiation process,
the CuBi backbone remains completely intact with only a slight sliding of the cubine layers
against each other around the concentration Li0.5CuBi (see panel iii in Figure 7.3a).

Figure 7.3 (a) PBE results of the CuBi-Li convex hull of stability as a function of lithium
concentration (i) and the corresponding voltage profile (ii). Predicted structures of the intermediate
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phases are shown in iii. (b, i) Lithium-ion diffusion network through the interlayer space of CuBi;
(ii) kinetic barriers calculated along geometrically distinct diffusion paths using PBE; (iii)
calculated lithium-ion diffusivity as a function of temperature (attempt frequency, ν = 10 13 s−1),
compared to state-of-the-art anodes (graphite and LTO (Li4Ti5O12)) and cathodes (LCO (LiCoO2)
and LMO (LiMn2O4)), with experimental data adopted from refs [224] and [225].

Furthermore, the interlayer diffusion of the Li atoms was investigated by computing
the barriers along the geometrically distinct paths between the cubine layers (Figure 7.3b).
The lowest among all barriers was found for the transition between the symmetrically
equivalent 1 and 1” sites with a value of merely 0.12 eV, which is even lower than the
lowest barrier for the isolated cubine sheet. With all transition barriers at hand, a kinetic
Monte Carlo simulation was carried out to estimate the lithium-ion diffusivity D. The
values of D as a function of temperature are shown in Figure 7.3b(iii), calculated using a
typical attempt frequency of ν = 1013 s−1. We find a superior Li diffusivity of 3.8 × 10−5
cm2/s at room temperature, more than 1 order of magnitude higher than state-of-the-art
anodes (graphite, D = 10−6~10−11 cm2/s; Li4Ti5O12 (LTO), D = 10−11~10−12 cm2/s) and
cathodes (LiCoO2 (LCO), D = 10−8~10−10 cm2/s; LiMn2O4 (LMO), D = 10−9~10−11
cm2/s).57,58 This remarkable diffusivity renders CuBi a high-rate material that is capable
of conducting Li faster than any known electrode material to date. Considering the high
volumetric capacity together with the intriguing Li conductivity at relatively low cost, CuBi
is a promising candidate to be used on its own in an anode for applications where space is
limited, and a high charge/discharge rate is required in electrical energy storage, e.g., in
electric vehicles and for peak load regulations of smart power grids. On the other hand,
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cubine with its large surface area and high number of active sites could be used as a
component in composite anode and cathode materials (such as graphene) to improve their
performance, e.g., by increasing the rate capacity[226] and cyclability.[227]
7.4 Conclusion
In summary, we report on the discovery of a novel quasi 2D sheet, cubine. Since it
is dynamically stable, cubine can readily serve as a building block for heterostructured 2D
materials, and its large surface area offers potential active sites for adsorbates such as Li
atoms. The low energy barriers between the A and B sites allows a high diffusion of Li on
cubine. Furthermore, we demonstrate that the bulk CuBi can be readily intercalated with
lithium with a high ion diffusivity, rendering it a promising candidate for energy storage
applications.
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CHAPTER 8
Kinetics and Reaction Mechanism during Electrochemistry of Sodium and
Lithium with Selenium
8.1 Introduction
Selenium shows promising electrochemical performance as a cathode with both Li
and Na, capable of room temperature cycling (up to 4.6 V) without failure.[228] Selenium
has a much higher electrical conductivity (1×10 -3 S m-1) than that of sulfur (5×10-28 S m-1),
and its volumetric capacity is as high as sulfur cathode material.[228,229] Combining Se
with carbon in particular will drastically improve the cycle performance and Columbic
efficiency of selenium cathode due to the increasing electronic and ionic conductivity.[230]
However, different reaction pathways have been observed when the cells are run
with different electrolytes. [229–231] A detailed mechanism of the alloying reactions with
selenium in cycling remains unclear. It is especially unclear why the electrochemical
properties of Se in sodium-ion batteries are as good as those in lithium-ion batteries. Here,
both the reaction mechanism of selenium in sodium- and lithium-ion batteries, the reaction
kinetics are investigated by DFT calculations with consideration of the crystalline structure,
reaction thermodynamic energies, band gaps and ion diffusivities.
8.2 Methodology
The first principle density functional theory (DFT) calculations were conducted
through the Vienna Ab-initio Simulation Package (VASP).[103–106] With the projector
augmented wave (PAW) potentials,[107] generalized gradient approximation (GGA) of
Perdew-Becke-Ernzerhof (PBE)[108] was used for exchange-correlation function under
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spin polarization. A plane-wave basis set cutoff energy of 520 eV, and Γ-centered k-meshes
with the density of 8000 k-points per reciprocal atom were used in all calculations.
To create a supercell of amorphous Na0.5Se suitable for DFT calculations, a cell
containing 96 atoms was melted at 2900 K in ab initio molecular dynamics (Figure 8.1).
The liquid state configuration was equilibrated over two picoseconds under an NVT
ensemble,[232] followed by a rapid quench from the equilibration temperature to 300 K at
rate of 1 K fs-1. Then the atomic coordinates and cell parameters of the configuration were
relaxed in DFT till the average forces fall below 10-2 eV Å-1.[185]

Figure 8.1 The generating and structure of amorphous Na 0.5Se phase. (a) The proceeding process
of amorphous Na0.5Se for the crystalline NaSe2 phase. (b) Radius distribution function the
amorphous phase Na0.5Se.

In order to simulate the Na (Li) ion diffusions in selenium during the sodiation
(lithiation), different first principle methods were applied to evaluate the ion transport
through different kinetic mechanisms. For ion self diffusions by vacancies, kinetic Monte
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Carlo Simulation was conducted based on transition-state theory as introduced in Section
2.2.3.
For ion diffusions through interstitial mechanisms, ab-initio molecular dynamics
(MD) simulations were performed in VASP using supercells consisting of 96 (96, 81 and
81) atoms for NaSe2 (Na2Se2, Na2Se and Li2Se). We simulated the canonical (NVT)
ensemble through Nose thermostat with a minimal Γ-centered 1×1×1 k-point grid.[233,234]
In each run, Velocity-Verlet was used for time integration scheme with a step of 2
femtoseconds. Considering thermal expansion, we conducted a series of volume varying
picosecond runs at each target temperature. Therefore, the volume of supercell was
determined at where averaged pressure was approximately zero. When the MD simulations
started, the Na (Li)-Se systems were assigned an initial temperature of 100 K and then it
was heated up to target temperatures (600 K to 1800 K) in 2 picoseconds (ps) and
equilibrated for 5 ps. We performed MD simulations to conduct the diffusion for 40 ps.
In addition, Na (Li) ion diffusivities at each target temperature were calculated by
fitting the mean square displacement over time using the following equation: 𝐷 =
1
2𝑡

〈[𝑟𝑐 (𝑡)]2 〉. Here, r(t) is the displacement of ions at time t, and D was obtained by a linear

fitting to the dependence of average mean square displacement over 2t.
8.3 Results and discussion
Ab Initio molecular dynamic (MD) simulations and kinetic Monte Carlo
simulations with nudged elastic band (NEB) method implemented are applied to
understand the underline mechanism of the electrochemical reaction of Se with Na and Li,
and their reaction kinetics. Using the DFT energies of known compounds available in the
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Open Quantum Materials Database[113,114]for the Na (Li)-Se system, the ground-state
phase diagrams are constructed shown as in Figure 8.2. The stable compounds in the binary
phase diagram refer to those which have lower energy than any linear combination of other
compounds. According to the DFT calculations, Li2Se is the only ground-state phase in LiSe binary systems, while in Na-Se systems three phases NaSe2, Na2Se2, and Na2Se are
ground-state phases. This explains why three-step reaction mechanism has been observed
in the sodiation experiment, while only a single step reaction has been observed for
lithiation experiment. Accordingly in the calculated discharge profile, there is only one
plateau in the lithiation, while three plateaus appear upon sodiation as shown in Figure 8.3.
The calculated discharge profile matches also to the measured one,[228] except there is a
large overpotential for Na-ion battery, which could be due to cell resistance.

Figure 8.2 The phase diagram of Na-Se and Li-Se system and the unit cell of all the intermediate
phases in both sodiation and lithiation process.
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Figure 8.3 Thermodynamic driving force for sodiation and lithiation. (a) Calculated equilibrium
lithiation/delithiation voltage profiles and experimental voltage profiles adopted from Ref. [228].
(b) The corresponding conversion reaction at different plateaus and the reaction energy.

Figure 8.4. Arrhenius plot of the overall diffusion coefficient of the Na ion in the Na−Se phases
and the Li ion in the Li2Se phase through a vacancy mechanism.

Table 8.1 The kinetics of Na-ion and Li-ion in product phases.
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Band gap (eV)
D (cm2/s)

Na0.5Se(Amorp.)
1.0
3.3 × 10-7

Na2Se2
0.6
4.7 × 10-11

Na2Se
2.3
1.5 × 10-7

Li2Se
3.3
2.2 × 10-7

To further explore the kinetics of reactions with sodium and lithium, reaction
thermodynamics, electronic and ionic diffusivities are calculated by DFT. As shown in
Figure 8.3, the reaction energy between sodium and selenium (-3.441 eV) is slightly lower
than that between lithium and selenium (-3.795 eV). This implies that although the
diameter of sodium ion (1.04 Å) is much larger than that of lithium ion (0.76 Å), the
chemical activity of sodium actually very close to that lithium. This suggests the difference
in lithiation and sodiation speed should be mainly due to the kinetics of these reactions.
The band gaps and ionic diffusivities in the Na-Se and Li-Se alloy phases have been
calculated using first-principle calculations with the results being listed in the Table S1 and
Figure 8.4. Band gaps of all the Na-Se intermediate phases are lower than that of the Li2Se
suggesting that electrical conductivities of all the Na-Se intermediate phases are much
better than that of the Li-Se phases. Meanwhile, the ionic diffusivity of sodium ions in all
Na-Se alloying phases has also been calculated and the results shown in Figure 8.4. The
ionic conductivity of the amorphous Na0.5Se phase (3.3×10-7 cm2 s-1) for Na-ions is almost
two orders higher than that of Li2Se phase (2.2×10-9 cm2 s-1) for Li-ions. Therefore, the
higher kinetics in sodiation reaction is caused by the better electric conductivity and higher
Na+ mobility in the Na-Se alloying phases, compared to that of Li2Se phase. The sodiation
initialized with solid-state amorphization process with formation of amorphous Na 0.5Se
phase, and the amorphous phase is gradually reduced to polycrystalline Na 2Se2 and Na2Se
crystalline phases. It is intriguing that selenium is reduced to an amorphous sodium
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polyselenide Na0.5Se phase, instead of forming the crystalline NaSe2 phase. This could be
due to fast insertion of sodium ions, leaving no time for the amorphous phase to relax to its
ground-state phase.
8.4 Conclusion
In summary, we investigate the reaction mechanism and kinetics of lithium/sodium
with selenium, as a promising cathode material in both sodium and lithium ion batteries.
Selenium is reduced to the polyselenides, e.g. amorphous Na0.5Se, polycrystsalline Na2Se2
and Na2Se sequentially in sodiation. In lithiation, Se is directly reduced into Li2Se phase.
Kinetics of the electrochemical reaction of Na/Se and Li/Se has been systematically
investigated. DFT calculation shows that the Na-Se compounds appeared in sodiation have
narrow band gaps, thus high electronic conductivity and fast diffusion channels for sodium
ions. Our finding shows that selenium is a promising high rate capability cathodic material
for sodium ion batteries. It provides also the new insights to understand the sodiation and
lithiation kinetics, which is helpful to design new type sodium ion batteries in the future.

143
CHAPTER 9
Stability and conductivity of cation and anion substituted LiBH4 based solidstate electrolyte
9.1 Introduction
Lithium borohydride, LiBH4, shows a great potential for next-generation LIBs with
the following advantageous features[235]: i) fast lithium ion conductivity, ii) low grain
boundary resistance, iii) negligible electronic conductivity, iv) high electrochemical
stability (up to ~5 V vs. Li/Li+), and iv) high chemical stability against the decomposition
in contact with a lithium metal and/or graphite-based anode materials. Previously, LiBH4
has been mostly studied as a candidate material to be used in hydrogen storage
applications.[236–238]
The low-temperature (LT) phase of LiBH4 (denoted as LT-LiBH4 in this work) has
an orthorhombic Pnma structure; and it undergoes a structural phase transition to become
a hexagonal P63mc phase above ~390 K. The high-temperature (HT) phase of LiBH4
(denoted as HT-LiBH4 in this work) exhibits a high ionic conductivity on the order of 10−3
S/cm,[239] and the HT-LiBH4 behave as an electrical insulator with a large band gap of ~6
eV[240], which make it highly promising to be utilized as a SSE in LIBs. Previous studies
have also reported that incorporation of lithium halides (LiX, where X = Cl, Br, and I) into
LiBH4 structure can form a solid solution (i.e., xLiX∙(1-x)LiBH4) in a wide range of
concentration, which can further lower the phase transition temperature of LT-LiBH4 to
HT-LiBH4 (i.e., we will refer this as the “stabilization” of HT-LiBH4 in this work).[56,241–
245] The substitution of LiI into LiBH4 structure enables not only stabilizing effect, but
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also achieves a very high lithium ion conductivity.[56,246,247] Previous study has
demonstrated that lithium ions can be transported in a two-dimensional channel in xLiX∙(1x)LiBH4, and the Frenkel defects can be formed favorably and stays mobile (i.e., low defect
formation energy and small migration barrier).[248] Another effective strategy reported to
date that lowers the phase transition temperature of LiBH4 is to substitute Li with other
alkali elements such as Na and K.[249],[250]
In this work, we report the stabilization effects (i.e., reducing the energy difference
between the LT- and HT-LiBH4) by the elemental substitutions using standard DFT
calculations; namely, the alkali metals Na and K as cation substitutions on the Li site, and
the halogens F, Cl, Br, and I as anion substitutions on BH4 site. Additionally, we have
determined the defect concentrations and lithium ion conductivities using native defect
formation energy calculation, with the combination of the Nudged elastic band (NEB) and
Kinetic Monte Carlo (KMC) simulations for the targeted systems. Lastly, we have analyzed
the relations between the ionic conductivity and stabilization effects that are highly
dependent on both substituents and their concentrations in LiBH4-based lithium ion
conducting materials. Based on our first-principles investigations, we suggest that the
maximum stabilization and lithium ionic conductivities of the specific system can be
accomplished by carefully tuning the concentrations of cation/anion substituents.
9.2 Methodology
All total energies were obtained from density functional theory (DFT) calculations
using the Vienna ab initio simulation package (VASP).[106] We used the PW91[251]
generalized gradient approximation (GGA) to the exchange-correlation energy with the
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projector augmented wave (PAW)[107] method and a plane wave cutoff energy of 875 eV.
Since the detailed substituted structures for LiBH 4 are unknown, we initiated with supercell
of HT P63mc and LT Pnma phase structures of LiBH4 containing 16 formula units (96
atoms). For the cation/anion substituted LiBH4, we used ENUM[127] to generate all
derivative configurations with various compositions and substituent concentrations. After
relaxation of all these structures within VASP, we chose the structure with the lowest DFT
energy for the further analysis. Defects were introduced in supercells of HT-LiBH4,
Li(BH4)1-xIx, (x = 0.25 and 0.5), and Li1-yKyBH4 (y = 0.25) that contained 96, 80, and 96
atoms after a series of convergence tests, respectively. For all these calculations, we used
Γ-centered k-meshes with the density of 8000 k-points per reciprocal atom. The atomic
coordinates were relaxed until the total energy converged within 10−5 eV and the
interatomic forces were below 10−2 eV/Å. Defect conductivity calculations were conducted
using method described in Section 2.2.
9.3 Results and discussion
9.3.1 Stabilization of HT-LiBH4 by halogen (F, Cl, Br, I) and alkali metal (Na, K)
substitution
To evaluate the stabilization effects of various substitutions including halogen (F,
Cl, Br, and I) and alkali (Na, K) elements, we have calculated the DFT energy differences
(∆𝐸) between the HT- and LT-LiBH4 phases: ∆𝐸 = 𝐸𝐻𝑇 − 𝐸𝐿𝑇 , where 𝐸𝐻𝑇 and 𝐸𝐿𝑇 are the
energy of partially-substituted HT- and LT-LiBH4 structures. Considering that the
stabilization effects can further depend on the substituent concentration, we repeat the
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calculation for a series of concentrations: x, y = 0.125, 0.25, 0.50 in xLiX∙(1-x)LiBH4 and
yABH4∙(1-y)LiBH4.
Both the anion (F, Cl, Br, and I) and cation (Na, K) substitutions decrease the
energy difference between the substituted HT- and LT-LiBH4 phases, as displayed in
Figure 9.1a. It can be also observed in Figure 9.1a that a higher substituent concentration
further lowers the DFT energy difference between the substituted HT- and LT-LiBH4 phase
(i.e., enhanced stabilization effects). However, there are no clear tendencies in Figure 9.1a
among different substitution elements at the same specific concentration.
In Figure 9.1b, we have computed the DFT volumes (per formula unit) of
cation/anion substituted HT-LiBH4 structures. We find that K+ and I- ions that have a larger
effective radius (see Table 9.1) directly contribute to the enlargement of the cell volumes
upon the substitutions in LiBH4 structure, while the substitutions of ions with a smaller
ionic radius (e.g., Br- and Cl-) only have a limited impact on the final cell volume. From
the variations among the predicted cell volumes provided in Figure 9.1b, we therefore
conclude that the stabilization effects cannot be solely explained by the size differences of
the substituents.[247]
In Figure 9.1c, we show the calculated mixing energy between HT-LiBH4, ABH4
(A = Na and K) or LiX (X = F, Cl, Br and I). We find in Figure 9.1c that the moderatesized substituents (e.g., Br-, I- and Na+) lead to a lower mixing energy, compared with the
substituents with large ionic radii (e.g., K+, I-) or small ionic radii (e.g., F-) in HT-LiBH4.
All mixing energies calculated in Figure 9.1c are negative (except F -), which explains the
favorable solid solution formation between HT-LiBH4 and LiX (X = Cl, Br, I)[244] or
ABH4 (A = Na, K)[249] with the wide range of substituent concentrations. For further Li+
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ion kinetic studies, we chose I- and K-substituted LiBH4 structures to investigate the effects
of halogen and alkali metal substitutions on the transport properties. Previous literature
suggests that the Li+ ion conduction is highly dependent on the concentration of
substituents in LiBH4,[58] therefore, we simulate two different structures with varying
concentrations, namely, Li(BH4)0.75I0.25 and Li(BH4)0.5I0.5 compounds. To compare to the I
substitution, we further studied K substitution, as in Li0.75K0.25BH4.

Table 9.1 Effective radii of substituting halogen/alkali ions and B-H bond length
Ion

Li+

Na+

K+

F-

Cl-

Br-

I-

B-H

0.90

1.13

1.51

1.33

1.67

1.82

2.06

1.29 (HT)

Radius
(Å)[252]

Figure 9.1 (a) DFT energy differences between HT- and LT-LiBH4 phases with/without
cation/anion substituents. We have tested three different substituent concentrations in each system.
(b) Evolution of the DFT volume (per formula unit) in (1-x)LiBH4+xLiX and (1-y)ABH4+yLiBH4
as a function of substituents and their concentrations. (c) DFT mixing energy between HT-LiBH4
and LiX or ABH4.
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9.3.2 Native defect concentrations in HT-LiBH4, Li(BH4)1-xIx, (x = 0.25, 0.5) and Li1yKyBH4 (y

= 0.25)

To study the point defects in HT-LiBH4 and selected systems of Li(BH4)0.75X0.25,
Li(BH4)0.5X0.5, and Li0.75K0.25BH4, we consider following interstitials with the specified
charged states: Li with q = +1, 0, -1; H with q = +1, 0, -1; H2 with q = 0; and K with q =
+1, 0, -1. We also examine vacancy Li with q = +1, 0, -1; H with q = +1, 0, -1; B with q =
+3, +2, +1, 0, -1, -2, -3; BHx (x = 1, 2, 3, 4) with q = +1, 0, -1; I with q = +1, 0, -1; and K
with q = +1, 0, -1. Additionally, Li Frenkel defect is also examined. For all these defect
types, we evaluate the defect formation energies considering different number of
geometrical configurations (Table S1).
Here, we only show the formation energies of Li related defects (Figure 9.2). For
HT-LiBH4, both Li Frenkel defect and Li defect pair (LiInt+, LiVac-) have negative formation
energies: -1.3 eV, -0.9 eV (0.92 eV, 0.53eV for LT-LiBH4), which are expected, as HTLiBH4 phase is unstable at room temperature.[253,254] For I- and K-substituted cases, Li
related formation energies are always positive, confirming the stabilization effects.
Dominant Li defect types with the lowest formation energy for Li(BH4)0.75I0.25,
Li(BH4)0.5I0.5 and Li0.75K0.25BH4 are defect pair (0.05 eV), Frenkel defect (0.15 eV), and
defect pair (0.44 eV), respectively. It is noteworthy that Frenkel defect is more favorable
in Li(BH4)0.5I0.5 compared with the individual Li interstitial and vacancy formations. With
increasing I- concentration (from x = 0.25 to 0.50), the dominant defect formation energy
goes up from 0.05 eV to 0.15 eV, while the energy difference (∆𝐸) decreases from 48
meV/f.u. to 11 meV/f.u. We therefore conclude in Figure 9.2 that enhanced stabilization
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can significantly increase the defect formation energies; however, this is not desired at all,
as it can decrease the total defect concentration in the system.

Figure 9.2 Calculated formation energies of lithium-related defects in (a) HT-LiBH4, (b)
Li(BH4)0.75I0.25, (c) Li(BH4)0.5I0.5, and (d) Li0.75K0.25BH4, plotted as a function of Fermi energy with
respect to the valence-band maximum.

The

calculated

temperature-dependent

native

defect

concentrations

in

Li(BH4)0.75I0.25, Li(BH4)0.5I0.5, and Li0.75K0.25BH4 are shown in Figure 9.3. It is numerically
not feasible to carry out the defect concentration calculations in HT-LiBH4 due to its
negative defect formation energy. As we mentioned above, the defect formation energy
elevations caused by the structural stabilizations with cation/anion substitutions decrease
the room temperature Li related defect concentrations. The concentrations of dominant
defects at room temperature for these three cases (Li(BH 4)0.75I0.25, Li(BH4)0.5I0.5, and
Li0.75K0.25BH4) are found to be 10-1 #/f.u., 10-3 #/f.u., and 10-10 #/f.u., as displayed in Figure
9.3.

150

Figure 9.3 Lithium related defect concentrations in (a) Li(BH4)0.75I0.25 (b) Li(BH4)0.5I0.5, and (c)
Li0.75K0.25BH4 plotted as a function of temperature. The highest defect concentrations at room
temperature for these three cases are found to be 10-1 #/f.u., 10-3 #/f.u. and 10-10 #/f.u., respectively.

9.3.3 Lithium ion mass transport in Li(BH4)1-xIx (x = 0.25, 0.5) and Li1-yKyBH4 (y =
0.25)
In this section, we present the lithium ion conductivities calculated for
Li(BH4)0.75I0.25, Li(BH4)0.5I0.5, and Li0.75K0.25BH4 system with the combinations of nudged

elastic band (NEB) method and Kinetic Monte Carlo simulations. Spatial lithium ion
diffusion networks of both interstitial and vacancy were built for all these cases based on
all the interstitial and vacancy sites, as demonstrated in Figure 9.4. Different number of
diffusion pathways was considered for interstitials and vacancies, and the subsequent
energy barriers are examined for all these pathways.
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Figure 9.4 Lithium ion defect diffusion network: interstitial paths in (a) Li(BH4)0.75I0.25, (b) Li(BH4)0.5I0.5,
and (c) Li0.75K0.25BH4; vacancy paths in (d) Li(BH4)0.75I0.25, (e) Li(BH4)0.5I0.5, and (f) Li0.75K0.25BH4. Black
(silver) lines represent the interstitial (vacancy) lithium ion diffusion paths between different defects sites
(the numbers shown in blue-colored font). The gold, black, blue, dark grey, light grey, and violet circles
represent Li (and vacancy site), Li interstitial site, K, B, H, and I, respectively.

We report the lowest barriers of 0.14 eV/0.25 eV for interstitial and vacancy diffusion,
respectively, in Li(BH4)0.75I0.25, which is consistent with previous work[248]. In the system of
Li(BH4)0.5I0.5, very similar preferred paths are identified for both interstitial and vacancy diffusions
with the lowest barriers of 0.20 eV/0.18 eV, respectively. In Li0.75K0.25BH4, both interstitial and
vacancy diffusions found to be very difficult, with the lowest barriers of 0.56 eV/0.59 eV,
respectively. The KMC simulations are also carried at a series of temperatures for each kind of
defect using the all energy barriers obtained. The diffusivity pre-factor D0 and Q were fitted and
all the diffusivity profiles vs. temperature are provided in Figure 9.5a.
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Figure 9.5 (a) Calculated lithium ion defect diffusivities of Li(BH4)0.75I0.25, Li(BH4)0.5I0.5, and Li0.75K0.25BH4
as a function of temperature. (b) Calculated lithium ion defect conductivities of Li(BH4)0.75I0.25,
Li(BH4)0.5I0.5, and Li0.75K0.25BH4 as a function of temperature (attempt frequency:  = 1013). The
experimental conductivity profiles are adopted from Refs. (11) and (34).

At room temperature, the lithium ion diffusivities in Li(BH4)0.75I0.25 are found to be 10-7
cm2/s (interstitial mechanism) and 10-8 cm2/s (vacancy mechanism). Lithium ion diffusivities in
Li(BH4)0.5I0.5 are found to be ~10-6 cm2/s (for interstitial) and 10-7 cm2/s (vacancy), due to a
relatively longer defect diffusion distance. For Li0.75K0.25BH4, the lithium ion diffusion at room
temperature is not fast enough for SSE applications, with a calculated diffusivity of 10-12 cm2/s.
Overall, interstitial diffusion is preferred in all systems, which can be explained by the volume
expansion caused by I- or K-substitutions in LiBH4.
In addition, the conductivities in Figure 9.5 were calculated, combined with the defect
diffusivities and concentrations obtained above (i.e., by adding interstitial and vacancy
conductivities together). The computed conductivity profiles of Li(BH4)1-xIx (x = 0.25, 0.5) in
Figure 9.5b demonstrate a reasonable comparison with the experimental observations. The
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overestimate is expected, as we performed simulations within a perfect crystal structure (i.e.,
without any impurities and grain boundaries) that can further lead to a decreased experimental Li+
ion conductivity.[224] We find that the conductivity profile of Li(BH4)0.75I0.25 is much higher than
Li(BH4)0.5I0.5 counterpart with a larger room temperature conductivity of 5.7 × 10−3 S/cm
(compared with 4.2 × 10−5 S/cm for Li(BH4)0.5I0.5). It is noteworthy that the diffusivity profiles
show a trend opposite to conductivity, with an easier lithium ion migration in Li(BH4)0.5I0.5 system
in Figure 5a. Higher lithium ion conductivity in Li(BH4)0.75I0.25 can be attributed to its higher defect
concentration, as a result of lower defect formation energies and decreased stabilization effects.
Therefore,

the

experimentally-observed

fluctuations

in the

conductivity

profile

vs.

concentration[58,247,255] of Li(BH4)1-xIx systems can be explained by the competing effects
between the defect concentration and Li+ ion mobility caused by the substitutional effects. We
conclude that the stabilization of HT-LiBH4 should be carefully tuned in order to permit the
formation of sufficient amount of defects that can facilitate a fast lithium ion conduction. Lithium
ion conductivity in Li0.75K0.25BH4 is found to be extremely low, which can be further explained by
the blocked lithium ion diffusion pathway and a narrow diffusion channel due to the Ksubstitutions in LiBH4.
9.4 Conclusion
In this work, we have shown that various cation/anion substitutional effects in HT-LiBH4
(i.e., halogen substation of F, Cl, Br, and I in BH4 site; and alkali metal substitution of Na and K
in Li site) decreases the ground state energy gap between less stable HT- and more stable LTphase. We find that it is most effective to substitute I- for BH4 or K+ for Li+ to achieve the
stabilization of the HT phase at the equal substituent concentration. A positive relation between
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the substitution concentration and energetic stabilization of the HT phase was found. The
moderately-sized ions (Br-, I-, and Na+) led to a lower mixing energy compared with the
substituents with larger ionic radii (e.g., K+, I-) or smaller ionic radii (e.g., F-). The calculated
mixing energies of HT-LiBH4 and LiX or ABH4 are found to be negative (except F-), which
explains the experimentally-observed solid solution formation in a wide range of substituent
concentrations. The stabilization of HT-LiBH4 increases the defect formation energy, leading to a
lower defect concentration. In Li(BH4)1-xIx, we find that higher concentration of I- yielded a higher
diffusivity; however, with a lower conductivity. The non-monotonic relation between
concentration and conductivity could be a result of competing effects between the diffusivity and
defect concentration. The lithium ion conductivity obtained by K-substitution in Li site is found to
be very low, because of the blocking of lithium ion diffusion pathway by K ion and the narrow
diffusion channel. We emphasize that the stabilization of LiBH4-based lithium ion conductor can
be optimized experimentally by careful selection of cation/anion substituents and their
concentrations, which can further realize the highest lithium ion conduction in LiBH4.
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CHAPTER 10
Conclusions and future work
10.1 Summary
Density functional theory (DFT) based first-principles calculations have been widely used
as efficient tools to accelerate the lithium ion battery designing through predicting new electrode
materials, as well as to improving the existing materials by accurately revealing detailed
underlying mechanisms that are often difficult to obtain solely via experiments. In this dissertation,
we present our work on the development of next-generation high energy density, low cost and fast
rate lithium ion batteries.
In Chapter 3, we use the first-principles calculations to understand the electrochemical
charge and discharge of the conversion reaction electrodes via exploring the equilibrium and nonequilibrium thermodynamics with a mechanistic method as designed. We provide detailed
information for the origin of large voltage hysteresis and volume expansion which have been
hindering the practical application of conversion reaction materials and offer tips on alleviating
them through reasonably operation range restrictions.
In Chapter 4, we continue our research on applying the Non-Equilibrium Phase Searching
method as designed to other transition metal oxides/sulfides in order to obtain a more general
understanding of the detailed mechanism for conversion materials during charging and discharging.
Together with experimental efforts, we attempt to reveal the conversion mechanisms of additional
transition metal oxides and sulfides such as (Cu,Co)3O4, CuS, and MoS2.
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In Chapter 5 and 6, we demonstrate how the coordination structure and bonding
environment enable the reversible oxygen redox in the 3d metal oxides. The specific redox active
Li6-O local Li-excess configuration as identified for the iron oxide electrode enriches the anionic
redox battery chemistry with a low-cost high energy density battery designed. For the manganese
oxide anionic redox active electrodes, we predict novel materials with improved properties
compared to the original system through high-throughput DFT screening.
In Chapter 7, using kinetics calculations we discover a novel 2-dimensional material with
superior electric and ionic conductivity compared to traditional 2-dimensional nano sheet like
graphene which can be used to boost the rate capacity of state-of-the-art LIBs.
In Chapter 8, we accurately reveal the mechanism of the kinetics-dominated
electrochemical sodiation and lithiation reactions of selenium.
In Chapter 9, we clarify the relationship between the stability and ionic conductivity of the
complex borohydride based lithium ion conductor and giving guidance on its further investigations.
As one of the most active research field, a large number of research directions are
undergoing focusing on different aspects of this electrochemical device. All the battery related
research topics as described in this dissertation are far from mature and completion and further
investigations are necessary to clarify all the undefined issues. In the following section, we will
briefly go through several most promising future research directions.
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10.2 Future work
10.2.1 Explore the non-equilibrium thermodynamics in electrochemical conversion
reactions
We succeeded to reveal the conversion mechanisms of transition metal oxides and sulfides
such as Co3O4, (Cu,Co)3O4, NiO, MoS2, and CuS by the nonequilibrium intermediate phase search
method as developed. Based on what we have learned from these systems, we plan to continue our
research on the conversion type electrodes and apply our method to other conversion material
systems in order to obtain a more general understanding of the detailed mechanism for conversion
materials during charging and discharging. Our study could help future experiments to overcome
the current limitations of the conversion-type electrode materials and promote the development of
more advanced LIBs.
10.2.2 Discovery of high energy density anionic redox active iron oxide electrodes
The pursuit of breaking the capacity limits has recently turns the research focus to the
anionic redox because of a remarkably enhanced capacity can be achieved without breaking the
basic structure of conventional lithium ion battery (no O2 releasing). As discussed in Chapter 5,
currently the capacity is limited to be 192 mAh/g with the reaction proceeds between two
disordered rocksalt phases as follows with x = 0:
3+ 2Li3-x Fe3+/4+ O2-/13.5 + (1+x) Li + 1 e ↔ Li4 Fe O3.5

(10.1)

One of the way to improve its capacity is to push x to be larger than 0. In light of the
complexity of the nature of solid solution reactions, the accurately prediction of the largest size of
x requires a comprehensive understanding of the relationship between rocksalt structural
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disordering, valence and anionic redox activity. The most straightforward approach would be
generating a series of structures with different x and monitor the structure status, and Fe/O valence
evolution. The purpose of checking structure status is to avoid possible structure collapse on
delithiation and keep the redox centers: Li6-O configurations nearly intact, as well as potential Fe
migration which would cause extra kinetics burden to the system on cycling. Meanwhile, the O
valence should be monitored to detect the possible formation of O 0 or O2. Once we have a thorough
understanding of this specific relationship and able to predict the detailed value of x, we will be
aware of the capacity maximum of this super lithium rich iron oxide electrode. At the same time,
the findings will shed light on the search of non-iron oxide based anionic redox active electrode
materials.
10.2.3 High-throughput DFT screening for Cubine based fast rate electrodes
The success in building large database storing quantum properties of materials enabled the
high-throughput DFT study. The Open Quantum Materials Database (OQMD) as developed at
Northwestern University is an open access web database containing >450,000 inorganic materials
adopted from the Inorganic Crystal Structure Database (ICSD) and hypothetical prototypes. As
discussed in Chapter 7, cubine exhibits superior electric and ionic conductivities compared to all
well-known conventional electrodes. However, considering the heavy atom mass of Bi and Cu,
the gravimetric capacity of cubine is relative low. The idea is to find the structural analogs of
cubine which are composed by lighter atoms. Our high-throughput screening strategy contains
four steps as follows:
1. Start with the cubine structure and replace Bi/Cu with other Pnictogen elements/3d metal
elements (PM) to build cubine analogue structures.
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2. Perform DFT calculations to obtain the total energies of all these structures before (PM)
and after full lithiation (LiPM) and then evaluate their stability using OQMD.
3. Pick the systems with negative or less positive formation energies (< 25 meV/atom) and
geometrically well-maintained structures for both PM and LiPM.
4. Rank the selected systems with their electric and ionic conductivity.
Through this screening, we would be able to find cubine analogs with comparable kinetics
yet much higher capacities.
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